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Solid state electrolytes with high oxygen ionic conductivity at low temperatures
are required to develop cost effective and efficient solid oxide fuel cells. This study
investigates the influence of engineered interfaces on the oxygen ionic conductivity of
nano-scale multilayer thin film electrolytes. The epitaxial Sm2O3 doped CeO2 (SDC) and
Sc2O3 stabilized ZrO2 (ScSZ) are selected as the alternative layers for the proposed
multilayer thin film electrolyte based on the optimum structural, chemical, and electrical
properties reported in the previous studies. The epitaxial SDC(111)/ScSZ(111) multilayer
thin films are grown on high purity Al2O3(0001) substrates by oxygen-plasma assisted
molecular beam epitaxy. Prior to the deposition of multilayers, the growth parameters are
optimized for epitaxial CeO2, ZrO2, SDC, and ScSZ thin films.
The epitaxial orientation and surface morphology of CeO2 thin films shows
dependency on the growth rate. Epitaxial CeO2(111) is obtained at relatively high growth
rates (>9 Å/min) at a substrate temperature of 650°C and an oxygen partial pressure of 2
× 10-5 Torr. The same growth parameters are used for the deposition of ZrO2 thin films.
ZrO2 exhibits both monoclinic and cubic phases, which is stabilized in the cubic structure
by doping with Sc2O3. The Sm and Sc evaporation rates are varied during the growth to

obtain thin films of 15 mol % SmO1.5 doped CeO2 and 20 mol % ScO1.5 stabilized ZrO2,
respectively. The SDC/ScSZ multilayer thin films are grown using the same growth
parameters by varying the number of layers.
The SDC/ScSZ multilayer thin films show significant enhancement in the oxygen
ionic conductivity in comparison to single layer SDC and ScSZ thin films. The increase
in the oxygen ionic conductivity with the increase in number of layers can be attributed to
lattice mismatch induced ionic conductivity along the interfaces. The 8-layer film
exhibits the maximum oxygen ionic conductivity with one order of magnitude
enhancement in the temperature range of 500-800°C compared to single layer thin films.
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CHAPTER 1
INTRODUCTION
The objective of this dissertation is understanding and optimization of the oxygen ion
conduction in CeO2 (ceria) and ZrO2 (zirconia) based multi-layer thin film electrolytes in
terms of chemical and structural properties. In this chapter, a general overview of solid
oxide fuel cells (SOFC) and the objectives of this study will be presented. A literature
survey of solid state electrolytes and multilayer oxide hetero-structures will be presented
in the second chapter. In the third chapter, the thin film deposition and in situ and ex situ
characterization techniques used in this study will be briefly discussed followed by the
sample preparation using oxygen plasma-assisted molecular beam epitaxy (OPA-MBE).
The optimization of MBE growth parameters for single layer ceria, Sm2O3 (samaria)
doped ceria (SDC), zirconia, and Sc2O3 (scandia) stabilized zirconia (ScSZ) epitaxial thin
films will be discussed in detail in the results and discussion. Then, the growth and
characterization of multilayer thin films with alternating layers of SDC and ScSZ will be
discussed along with their electrical properties. Finally, the results and conclusions of this
study will be summarized.
1.1 Solid oxide fuel cells
State-of-the-art SOFC are amongst the main candidates for clean energy technology due
to their high efficiency, multi fuel capability, long life time, and minimal greenhouse gas
emissions.1-5 They have been used in a wide range of power generating applications from
portable devices to distributed power plants.5 In solid oxide fuel cells, a dense solid state
electrolyte is sandwiched between the porous cathode and anode. The cathode and anode
1

are also called the air and fuel electrode, respectively. A typical SOFC consists of yttria
stabilized zirconia (YSZ) electrolyte, Ni-YSZ anode, and Sr-doped LaMnO3 cathode.
When the cathode is exposed to air, oxygen molecules migrate through the porous
electrode and acquire electrons from the cathode to form oxygen ions at the
cathode/electrolyte interface. The dense electrolyte does not allow the migration of
oxygen gas through it. However, oxygen ions diffuse through the electrolyte with high
oxygen ionic conductivity and react with the fuel (hydrogen) at the electrolyte/anode
interface producing electrons, water, and heat. The electrons released at the
electrolyte/anode interface transport through the anode and an external load. The
schematic diagram shown in figure 1 summarizes the operation of SOFC indicating the
reactions occurring at the cathode/electrolyte and electrolyte/anode interfaces.6 The high
operating temperature allows the internal reforming of hydrocarbon fuels and the
production of additional hydrogen from CO through the water gas shift (WGS) reaction.7
The overall reaction of the SOFC can be written as follows.
⁄
For a long term operation of SOFCs, the materials used for different SOFC components
should have suitable electrical properties, high chemical and structural stability, minimal
inter-diffusion and reactivity between each components, and comparable thermal
expansion coefficients.2 Especially, the electrolyte should have high oxygen ionic
conductivity to transport oxygen ions and negligible electronic conductivity to avoid the
short circuit of SOFC. In contrast to electrolytes, the cathode and anode materials should
exhibit high electronic conductivity. The voltage output of a single cell is 0.7 V, therefore
the cells are arranged as a stack and connected in series via interconnects to get a high
2

Figure 1. Schematic diagram of the solid oxide fuel cell, showing the main components
of SOFC along with reactions occur at the respective interfaces.6 (Reproduced by
permission of The Electrochemical Society)
voltage output.3,

7

The selection of interconnect materials mainly depends on the

operating temperature and stack design. The interconnect materials should also have high
electronic conductivity. Thus, conductive ceramic materials and metallic alloys have been
used as interconnects in high temperature and intermediate temperature SOFC,
respectively. Doped lanthanum and yttrium chromite perovskites are the most commonly
used ceramic materials for interconnects. The sealing materials are also an integral part of
the planar SOFC stacks to prevent mixing of fuel and oxidant. They must have high
chemical and structural stability in different operating conditions. The most commonly
used sealing materials are glass or glass ceramic composites.
Despite all the advantages of SOFC, high temperature operation presents a greatest
challenge in selection of materials for fuel cell components, which also restricts its
applications in portable devices.8 High temperature operation also presents additional
problems such as slow start-up and shut down cycles, long-term stability, and high
3

fabrication cost.9 The stringent requirements on materials at high temperatures1 led to
intense investigations to decrease the operational temperature of SOFCs. However, use of
conventional electrolytes at lower temperatures significantly increases the cell resistance,
which degrades the SOFC performance. To lower the operating temperature of SOFC, a
solid state electrolyte with enhanced oxygen ionic conductivity at low temperatures is
required. Moreover, lower temperature operation will allow the use of inexpensive
materials for the other cell components10 and increase the lifetime of the SOFC stack.7
Therefore, it is important to investigate and understand the factors that influence the
oxygen ionic conductivity of SOFC electrolytes.
1.2 Objectives of the study
In this dissertation, the oxygen ionic conductivity of doped ceria and zirconia based
electrolytes has been optimized in terms of structural and chemical properties. According
to the experimental and theoretical studies, samaria and scandia are considered the most
suitable dopants for ceria and zirconia, respectively. Furthermore, the oxygen ionic
conductivity of SDC and ScSZ was optimized in terms of the dopant concentration,
which was further improved by growing them as epitaxial thin films. SmO1.5 (15 mol %)
doped ceria (15SDC) and ScO1.5 (20 mol %) doped zirconia (20ScSZ) epitaxial thin
films have shown the maximum oxygen ionic conductivity reported in the literature
among all the singly doped ceria and zirconia based electrolytes, respectively. On the
other hand, the oxygen ionic conductivity can also be improved by developing multilayer
thin films of suitable materials with nano-scale interfaces.
Therefore, the main objective of this study is to further enhance the oxygen ionic

4

conductivity of ceria and zirconia based electrolytes by configuring 15SDC and 20ScSZ
epitaxial thin films into multilayer stacks. The other objectives of this study include:
1. Understanding the growth-rate induced structural properties of CeO2 thin films
2. Synthesizing high quality epitaxial thin films of 15SDC, 20ScSZ, and

15SDC/20ScSZ multilayers using OPA-MBE
3. Characterizing these thin films using various in situ and ex situ characterization

techniques to understand the structural, chemical, and electrical properties
4. Optimizing the ionic conductivity of 15SDC/20ScSZ multilayer thin films in

terms of number of layers
A literature survey of solid state electrolytes, the sample preparation, characterization
results of structural, chemical, and electrical properties of these multilayer thin films
along with the discussion and conclusions will be presented in the following chapters.

5

CHAPTER 2
A SURVEY OF SOLID OXIDE FUEL CELL ELECTROLYTES
In general, zirconia, ceria and lanthanum gallate based materials have been tested and
studied for their application as possible electrolytes for SOFCs.11 YSZ is the commonly
used electrolyte which has high oxygen ionic conductivity and low electronic
conductivity at temperatures higher than 800°C, which is an essential requirement for
SOFC electrolytes. However, at temperatures below 800°C YSZ has decreased oxygen
ionic conductivity, which affects the overall efficiency of the cell and is not suitable for
intermediate temperature solid oxide fuel cells (IT-SOFC).12,

13

This led to the

development of new electrolytes like doped ceria, stabilized bismuth oxide, and doped
lanthanum gallate, which have high oxygen ionic conductivity at lower temperatures.9, 11
However, these materials have drawbacks, like lower thermodynamic stability and high
electronic conductivity at low oxygen partial pressures.14-18 In addition to the abovementioned drawbacks, these electrolytes degrade over a short period of time,
compromising the long time performance of the cell.19-23 Efforts have been made to
enhance and optimize the oxygen ionic conductivity and mechanical properties of
electrolyte materials by selecting a suitable dopant and optimizing the dopant
concentration, electrolyte thickness, and microstructure.24 The introduction of nano-scale
thin films and interfaces along with doping can also improve the oxygen ionic
conductivity of the electrolytes.25

6

2.1 Zirconia based electrolytes
Zirconia based materials have been extensively studied as electrolytes in SOFC, due to
their high ionic conductivity, low electronic conductivity, chemical stability, and
mechanical strength. ZrO2 exists in three different phases, namely monoclinic, tetragonal
and cubic. Monoclinic zirconia is the stable form at room temperature and up to 1000°C;
however it has low electrical conductivity, which is predominantly electronic rather than
ionic conductivity.26 The phase transformations from monoclinic to tetragonal and
tetragonal to cubic occur at 1170°C and 2370°C, respectively.12 However, zirconia can be
stabilized in cubic phase at low temperatures, with the addition of metal oxides soluble in
ZrO2 like CaO, MgO, Sc2O3, and Y2O3.27 The dopant concentration needed to fully
stabilize cubic zirconia at low temperatures is 7-9 mol % for Y2O3 and Sc2O3, 12-13 mol
% for CaO, and 8-12 mol % for the other rare-earth oxides.27 To stabilize cubic zirconia,
metal oxide dopants should have a cubic structure with the cation radius close to that of
Zr4+ ion.27,

28

The substitution of Zr4+ ions by lower valent metal cations leads to the

formation of oxygen vacancies in the cubic ZrO2 lattice that increases the oxygen ionic
conductivity of the resultant material.12,

27

It has been reported that the oxygen ionic

conductivity of doped zirconia strongly depends on the choice of dopant and dopant
concentration.28, 29 The dopant Sc3+ has the closest ionic radius to that of Zr4+ and when
doped in zirconia it exhibits the highest oxygen ionic conductivity of all the choices
given above.29
Among stabilized cubic zirconia based systems, YSZ is the widely used and extensively
studied SOFC electrolyte; however, YSZ exhibits lower oxygen ionic conductivity at
temperatures below 800°C.12, 13 Therefore, the commercial SOFCs with YSZ electrolyte
7

need to be operated at temperatures above 800°C to obtain the required oxygen ionic
conductivity. The oxygen ionic conductivity of YSZ increases with the yttrium content
up to 7-8 mol % Y2O3 and decreases at higher Y2O3 concentration.13, 30 This is also the
minimum Y2O3 concentration needed to stabilize cubic zirconia.12,

27

At higher dopant

concentration, association of a large number of point defects and interactions between
them lead to a reduction in defect mobility, which in turn reduces the oxygen ionic
conductivity.11
Enhancement in the oxygen ionic conductivity has been reported for ScSZ compared to
YSZ, especially at intermediate temperatures.31 On the other hand, ScSZ has chemical
and thermo mechanical properties very similar to YSZ and the minimum Sc2O3
concentration needed to fully stabilize ZrO2 in cubic structure is also 8 mol%.29,

32-34

However, there is an inconsistency in optimum concentration values of Sc2O3 for
maximum oxygen ionic conductivity and phase changes, reported by various
researchers.29-35 This inconsistency can be attributed to the sample preparation methods
and conditions. S. Badwal et al.,32 reported that ScSZ shows the highest oxygen ionic
conductivity at 9.3 mol % of Sc2O3, which was stable with the single phase cubic
structure. Lee et al.,35 reported maximum oxygen ionic conductivity for 8 mol % scandia
stabilized zirconia (8ScSZ) with the resultant material having mixed tetragonal and cubic
phases. Recent studies by Huang et al also confirmed the 8ScSZ as the optimum
composition for the maximum ionic conductivity of ScSZ with the cubic structure.33
These studies suggested that, ScSZ is a strong candidate to replace YSZ as a SOFC
electrolyte.
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The oxygen ionic conductivity of ScSZ can be increased further by depositing high
quality thin films. Yu et al. have grown epitaxial ScSZ thin films by molecular beam
epitaxy and investigated the influence of dopant concentration and crystal structure on the
oxygen ionic conductivity.36 They have observed that ScSZ is stable in the cubic structure
over a much wider dopant concentration range (4.7-17.6 mol % Sc2O3) than that reported
in the previous studies for polycrystalline ScSZ ceramics. The oxygen ionic conductivity
peaked at a dopant concentration of 9.9 mol % Sc2O3 as shown in figure 2, which is

Figure 2. The oxygen ionic conductivity of epitaxial ScSZ thin films at various
temperatures as a function of Sc2O3 concentration, indicating the optimum dopant
concentration of 9.9 mol% Sc2O3.36 (Reprinted from Solid State Ionics 181 (8-10), Yu, Z.
Q.; Devanathan, R.; Jiang, W.; Nachimuthu, P.; Shutthanandan, V.; Saraf, L.; Wang, C.
M.; Kuchibhatla, S. V. N. T.; Thevuthasan, S., Integrated experimental and modeling
study of ionic conductivity of scandia-stabilized zirconia thin films, 367-371, Copyright
(2010), with permission from Elsevier.)
consistent with the value obtained for polycrystalline ScSZ.36 These epitaxial thin films
with optimum dopant concentration showed oxygen ionic conductivity of 0.035 S/cm at
600°C. The theoretical studies carried out using molecular dynamics (MD) simulations
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also showed a peak in oxygen ion diffusion coefficient at 6 mol% Sc2O3.37 In spite of the
discrepancy in the optimum dopant concentration value, theoretical and experimental
studies have shown the same trend in the oxygen ionic conductivity of ScSZ with the
increase in dopant concentration.36, 37 The composition dependence of the oxygen ionic
conductivity of ScSZ was attributed to the changes in migration barriers for O 2- ion
transport with Sc3+ substitution of Zr4+ as shown by MD simulations.37
2.2 Ceria based electrolytes
Because of the high oxygen ionic conductivity at low and intermediate temperatures,
doped cerium oxide materials have attracted the attention of researchers as a SOFC
electrolyte. The oxygen ionic conductivity of doped ceria strongly depends upon the ionic
radius and the concentration of the dopant.38-40 Especially, Gd2O3 (gadolinia) doped ceria
(GDC) and SDC with suitable dopant concentrations have exhibited high oxygen ionic
conductivity at low temperatures as compared to zirconia based electrolytes at the same
temperature. Despite the increased electronic conductivity of ceria based materials, when
exposed to the reducing environment at high temperatures and low oxygen partial
pressures,14-18, 39 the high oxygen ionic conductivity and the chemical compatibility with
the electrode materials make them suitable for IT-SOFC electrolytes.3,

11, 38, 41-43

In

addition to gadolinia and samaria, dopants like Y2O3, CaO and Sr2O3 have been
investigated and used in ceria based systems.44-48 Unlike zirconia based systems, because
of the absence of phase transitions at high temperatures, the degradation in oxygen ionic
conductivity of ceria based electrolytes with age is insignificant.49
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In general, the oxygen ionic conductivity (σ) can be expressed as an exponential function
of the activation energy for oxygen ion diffusion (Ea), which is known as the Arrhenius
equation.
…...
where,

(2)

T = temperature
K = Boltzman constant
σ0 = temperature independent pre-factor

Materials like rare-earth doped ceria with lower Ea have higher oxygen ionic conductivity
at lower temperatures according to the above equation. The oxygen ionic conductivity in
ceria mainly depends on the oxygen-vacancy formation and migration properties.50
Oxygen vacancies can be formed in the ceria lattice by doping with di- or tri-valent
cations. In doped ceria, dopants and oxygen vacancies form associates (or clusters) with
a certain association binding energy (Eass), which determines the number of mobile
oxygen vacancies. Therefore, Ea for doped ceria can be expressed as a sum of Eass and the
migration barrier (Em).50 Andersson et al. have carried out density functional theory
(DFT) calculations to find out the ideal dopant for ceria by investigating Eass and Em for
different dopants.50 They have observed a minimum in Ea between atomic numbers 61
(Pm) and 62 (Sm), which are prone to have the highest oxygen ionic conductivity.
However, Sm was considered as the ideal dopant for ceria, since Pm is a radioactive
element. It has also been proved by experimental results, which will be discussed below.
A number of experimental studies have been carried out to explore the oxygen ionic
conductivity of SDC and optimize the conductivity in terms of structural parameters and
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dopant concentration.51-59 These studies have shown higher oxygen ionic conductivity in
SDC compared to YSZ and GDC.51,

56, 57

The oxygen ionic conductivity of SDC

increased with the increase in dopant concentration up to an optimum dopant
concentration value and then decreased with the increasing samaria concentration. The
increase in the oxygen ionic conductivity was attributed to the increase in the number of
oxygen vacancies,60 which decreases the activation energy for oxygen ion diffusion
through ceria lattice. However, the formation of associated defect pairs between dopant
cations and oxygen vacancies at higher dopant concentrations increases the activation
energy for oxygen ion diffusion, which decreases the oxygen ionic conductivity.51, 54 The
decrease in the oxygen ionic conductivity can also be attributed to the short range
ordering (or clustering) of oxygen vacancies in nanosized domains formed in heavily
doped ceria.61, 62
The optimum dopant concentration reported in the literature for the maximum oxygen
ionic conductivity of SDC shows a discrepancy, as shown in figure 3, which is also
dependent on the microstructure and growth methods.51-59 However, most of the
researchers have observed 20 mol % SmO1.5 (20SDC) as the optimum concentration.51, 54,
56, 59, 60

The SDC solid solutions prepared by sol-gel, solid-state reactions and co-

precipitation methods showed the maximum oxygen ionic conductivity at 20 mol%
SmO1.5 concentration.51,

53, 54, 56, 59

However, the optimum dopant concentration was

found to be 15 mol% SmO1.5 for SDC powder samples prepared by Zha and co-workers
using the oxalate co-precipitation method.58 All these studies were carried out on
polycrystalline SDC, where the grain boundaries can significantly influence the oxygen
ionic conductivity by acting as barriers to oxygen ion diffusion.
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Figure 3. The oxygen ionic conductivity of SDC with respect to SmO1.5 concentration
fabricated by various growth methods with different structural properties.51-54

Recent reports have suggested that the oxygen ionic conductivity of SDC can be further
improved by depositing as an epitaxial thin film.52, 57, 63 Yu et al. have grown high quality
epitaxial thin films of SDC using OPA-MBE by varying the dopant concentration and
measured the oxygen ionic conductivity using the alternating current (ac) four probe
method in the temperature range of 250-900°C.57 The optimum dopant concentration for
these epitaxial SDC thin films was found to be 5 at.% Sm (13 mol% SmO1.5). The
epitaxial SDC thin films with optimum dopant concentration showed oxygen ionic
conductivity of 0.04 S/cm at 600°C, which is the maximum conductivity reported in the
literature for SDC.57 The oxygen ionic conductivity measured using the dc two probe
method for the epitaxial SDC films grown by OPA-MBE showed an optimum dopant
concentration of 6 at.% Sm (15 mol% SmO1.5).52 Both these studies showed a significant
enhancement in the oxygen ionic conductivity of epitaxial SDC thin films compared to
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polycrystalline SDC ceramics. The increased oxygen ionic conductivity was attributed to
the ordered oxygen vacancies in the highly oriented films. The decrease in the oxygen
ionic conductivity at higher dopant concentrations was attributed to the polycrystalline
nature of the films.57 Theoretical studies carried out using MD simulations have also
confirmed the optimum dopant concentration of 15 mol% SmO1.5.63 Sanghavi et al. have
studied the influence of film thickness on the oxygen ionic conductivity of epitaxial SDC
thin films with 15 mol% SmO1.5 by varying the film thickness from 50 to 300 nm.64 They
observed an increase in the conductance of these thin films with increase in thickness up
to 200 nm. However, there was saturation in the overall conductance increment with the
increasing SDC film thickness beyond 200 nm.
2.3 Nano-structured multilayer thin film electrolytes
Nano-scale materials often display properties very different from the bulk materials, due
to the enhanced surface to volume ratio. The nano-scale oxide thin films have also shown
improved oxygen ionic conductivity compared to bulk materials.36,

57, 65

The ionic

conductivity of nano-scale materials can be further enhanced by introducing interfaces,
which are developed in multilayer thin films.66-68 The effects of nano-scale interfaces on
the ionic conductivity were first observed in CaF2 and BaF2 multilayer heterostructures.69 These CaF2/BaF2 multilayer thin films exhibited significantly higher fluoride
ionic conductivity compared to single layer films, due to the redistribution of mobile
fluoride ions in the overlapped space-charge regions of CaF2 and BaF2.69-71 The fluoride
ionic conductivity of CaF2/BaF2 multilayer thin films increased with the increase in
number of layers up to an optimum individual layer thickness.69 Following these exciting
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results, there was an interest to develop multilayer oxide thin film electrolytes to enhance
the oxygen ionic conductivity by introducing nano-scale interfaces.72-81
Azad et al. have grown multilayer hetero-structures of gadolinia doped ceria and zirconia
(GDC/GSZ) using molecular beam epitaxy and observed a significant increase in the
oxygen ionic conductivity with the increasing number of layers.72 The increase in the
oxygen ionic conductivity of these multilayer thin films was attributed to the formation of
extended defects and lattice strain near the layer interfaces,72 which may increase the
solubility of Gd and the resultant density of oxygen vacancies in ceria.80 The 10-layer
GDC/GSZ film with 15 nm of individual layer thicknesses showed the maximum oxygen
ionic conductivity. Garcia-Barriocanal have observed eight orders of magnitude
enhancement in the oxygen ionic conductivity of YSZ/SrTiO3 (STO) epitaxial multilayer
hetero-structures.75 However, Cavallro et al. have claimed that the enhancement obtained
in the conductivity of YSZ/STO multi-layer system is related to the electronic rather than
oxygen ionic conductivity, which makes it impossible to use it as an electrolyte in
SOFC.74
Janek’s group have developed a theoretical model to explain the fast ionic transport and
enhanced oxygen ionic conductivity along the nano-scale interfaces in multilayer heterostructures, in terms of elastic strain and density of misfit dislocations at the interfaces.78,
82

According to this model, with the increasing lattice mismatch between two phases, the

oxygen ionic conductivity along the interfaces increases due to the decrease in activation
energy for oxygen ion diffusion. If the lattice mismatch is very small, a coherent interface
will be formed between two phases and the interfacial conductivity only depends on the
elastic strain. If the lattice mismatch cannot be compensated only by the strain, a semi15

coherent interface will be formed with misfit dislocations. The oxygen ionic conductivity
along these semi-coherent interfaces is linearly dependent on the dislocation density. In
the case of completely incoherent interfaces, the increase in the interfacial conductivity
can be more pronounced.77 This qualitative model has been utilized to explain the
enhanced oxygen ionic conductivity observed in various multilayer systems.76-78, 82
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CHAPTER 3
EXPERIMENTAL TECHNIQUES
3.1 Epitaxial growth of metal oxide thin films by molecular beam epitaxy
Molecular beam epitaxy (MBE) is a widely used deposition technique for the growth of
high purity metal oxide thin films.83 In particular, MBE has been used to understand the
properties of oxide films to be used in chemical sensing,52,

64, 84-89

high temperature

superconductors,90-93 surface geochemical reactions,94-98 and catalysis.99-105 To efficiently
utilize the properties of a materials system for technological applications, one has to
understand the fundamental characteristics of the material. This requires a high quality
material with controlled chemical and structural features at the atomic level. MBE offers
such a control and has been shown to be useful for III-V semiconductor research.106, 107
“Epitaxy” has its origin from Greek where epi means “above” and taxis means “in
ordered manner” leading to the meaning “arranged above in ordered manner”. Therefore,
epitaxial film growth means a film grown on top of a single crystal substrate in an
ordered manner.
High quality epitaxial films can be grown on a bulk, single crystal substrate of the same
material (e.g., GaAs on GaAs substrate), which is known as “homo” epitaxial growth or
on a different material substrate (e.g., CeO2 film on Al2O3 substrate). The latter is known
as “hetero” epitaxial growth in which the growth and orientation of the film are dictated
by the substrate properties. Especially, the lattice mismatch between the substrate and
film plays a key role in heteroepitaxial growth. To have in-plane crystal symmetry in
layer-by-layer epitaxial growth, minimum in-plane lattice mismatch and large negative
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free energy change are required.108 Most of the oxide films grown using MBE fall under
this category. Chambers has written extensive reviews on the epitaxial growth of oxide
thin films where growth and characterization of MgO, NiO, CoO, TiO2, FexOY, CeO2 and
the other complex metal oxides have been discussed in detail.83, 109
MBE allows the growth of epitaxial thin films through the interaction of one or more
atomic or molecular beams directed on a heated single crystal substrate inside an
ultrahigh vacuum (UHV) chamber.107,

108

UHV conditions allow the use of highly

directional molecular or atomic beams for the thin film deposition and some in-situ
characterization techniques for monitoring the growth. UHV conditions can be achieved
and maintained using high speed pumping through a combination of several pumps such
as ion sputter, titanium sublimation, cryogenic, turbomolecular, and roughing pumps.110
During a typical MBE growth process, the source – i.e., the high purity metal – is
evaporated with the help of effusion cells, also known as Knudsen cells (k-cells) or with
the help of an electron beam assisted heating in an oxidizing environment.106,

110

In

general, materials with evaporation temperatures less than 1400°C can be thermally
evaporated using k-cells. However, high temperature effusion cells have also been
manufactured that can operate up to 2000°C. Materials with high evaporation
temperatures (>1500°C) can be evaporated using e--beam evaporation. Ion sources and
gas sources have also been used in some special applications of MBE.110
For doped or complex metal oxide thin films, more than one source is used with precise
control of the flux monitored by pre-calibrated quartz crystal oscillators (QCOs). QCOs
measure the change in the oscillation frequency of a quartz plate as the material is
deposited on it. The QCO is calibrated by already known film thicknesses to obtain
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accurate flux rates for different materials.110 The sensitivity of the crystal depends on the
position of the QCO with respect to the evaporation source and the substrate, which can
be accounted for using a tooling factor determined during the pre-calibration. The
pressure measurement and optical methods can also be used to monitor the flux rate.110
To grow single phase metal oxide films, it has been suggested to use atomic oxygen by
utilizing an electron cyclotron resonance (ECR) oxygen plasma generator or NO2
source.109 While the latter dissociates near the substrate (usually at an elevated
temperature) into NO + O, the former produces a mix of O ions, radicals and some undissociated oxygen. The use of activated O from either an ECR oxygen plasma or NO2
over the molecular O2 leads to well controlled oxidation of metals and growth process.109
When the MBE growth is carried out with the help of an ECR oxygen plasma source, we
describe the process as oxygen plasma-assisted molecular beam epitaxy (OPA-MBE).
For our study, ceria and zirconia based thin films were grown using OPA-MBE. A
schematic diagram109 and a picture of the OPA-MBE chamber used for the film
deposition are shown in the figure 4. The system consists of three effusion cells, two e-beam evaporation sources, an ECR oxygen plasma source, and two QCO’s. The UHV
stainless steel chamber also houses a reflection high energy electron diffraction (RHEED)
for in situ growth monitoring, for which the details will be discussed in the next section.
The main deposition chamber is maintained at UHV conditions (chamber pressure is ~
1×10-9 Torr) using a cryogenic pump. A load lock is used for the sample transfer into the
main chamber, which is pumped by a turbomolecular pump backed up by a roughing
pump. The substrate holder is transferred from the load lock to the main chamber using a
transfer arm and loaded on an XYZ manipulator for the deposition. The substrates can be
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Figure 4. (a) Schematic diagram109 (Reprinted from Surface Science Reports 39 (5-6),
Chambers S. A., Epitaxial growth and properties of thin film oxides, 105-180, Copyright
(2000), with permission from Elsevier.) and (b) picture of the oxygen plasma-assisted
molecular beam epitaxy chamber used for the deposition of high purity metal oxide thin
films.
heated to elevated temperatures using an electrical resistance heater with a tungsten
filament attached to the manipulator and cooled down to -100°C using liquid nitrogen.
The substrate temperature is measured using a k-type thermocouple connected to the
sample holder. Pneumatic shutters are used to cover the substrate and effusion cells
during the stabilization of metal fluxes.
3.2 In situ growth monitoring using electron diffraction
For decades, electron diffraction has been used for understanding the structure of
surfaces, over-layers and thin films and is widely used as a tool to monitor the quality of
epitaxial films during the growth process.111,

112

Low energy electron diffraction

(LEED)113 and reflection high energy electron diffraction (RHEED)114 are conceptually
similar to the x-ray diffraction (XRD)115 that is widely used for the bulk crystal structure
determination. The fundamental difference between the two is the penetration depth
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which is on the order of 1 – 3 nm in the case of electron diffraction thereby making it a
highly surface sensitive technique. X-rays can penetrate through the bulk of a crystal (up
to ~ 105 nm). LEED is important to understand the surface structure, relaxation and
reconstruction of the materials.113 However, LEED instrumentation is generally difficult
to incorporate for monitoring the in situ growth of films due to the backscattered
geometry. Therefore, RHEED is generally used to monitor the film growth in situ due to
the excellent surface sensitivity and the ease with which the instrument can be
incorporated in the deposition chambers.109, 116
The typical instrumental configuration for RHEED is shown in figure 5. RHEED uses
glancing incidence (≤ 3º) and forward scattered electrons to get the diffraction pattern of

Figure 5. A schematic diagram showing the instrumental configuration of reflection high
energy electron diffraction (RHEED), which is used to monitor the MBE thin film growth
in situ.
the surface, which allows this technique to be incorporated into the deposition chamber to
monitor the growth in situ.114, 117 Therefore, RHEED, having no influence on the growth
process, became a popular technique to obtain the surface structure during MBE growth
of thin films.118 In addition to surface structure, RHEED can be used to understand the
growth mode and the deposition rate of the films.114 RHEED involves reflection of
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electrons incident at grazing angles on the film or substrate surface. When the film grows
layer-by-layer in a smooth fashion, a RHEED pattern appears as lines or streaks. On the
other hand, if the growth is associated with development of three-dimensional structures,
typical diffraction spots appear in the RHEED pattern, indicating a rough surface.
Polycrystalline films are generally associated with rings in the diffraction pattern.
Therefore, RHEED is useful to investigate the surface morphology of a growing film in
situ as shown in figure 6.109 The semicircular zones of scattered beams in figure 6(a) are
the result of coherent diffraction over length scales comparable to the electron coherence
length (~1000Å for a well collimated beam). The scattered beams carry the information
about the crystalline surface in the form of spots on the screen. The spots, as presented in
figure 6, are the diffracted beams within the zeroth-order Laue zone of Al2O3(0001).
The spacing between two spots or two streaks is inversely proportional to the in-plane

Figure 6. Representative RHEED pictures along with the possible surface characteristics
of a substrate or a film. The RHEED pattern is dependent on the terrace widths on
(substrate/film) and the aspect ratio of the film.109 (Reprinted from Surface Science
Reports 39 (5-6), Chambers S. A., Epitaxial growth and properties of thin film oxides,
105-180, Copyright (2000), with permission from Elsevier.)
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lattice parameter perpendicular to the beam.116 Under specific conditions, where the
terrace widths are smaller than the electron coherence length, the spots in a RHEED
pattern become streaks. This leads to a spread in the electron beam in the incident
direction causing streaks to appear in the diffraction pattern. Further, the dimensions of
clusters growing on a substrate can primarily result in the transmission of electrons
(predominantly elastic scattering) rather than reflection, which leads to a diffraction
pattern with spots as shown in Fig. 6(c).
3.3 Ex situ characterization of MBE grown thin films
Following the growth, extensive surface and near surface characterization is required to
investigate and understand the structural and chemical properties of the thin films like
surface morphology, film thickness, crystallinity and microstructure, chemical state and
composition, elemental distribution, and interface characteristics.119 The results of the
characterization are then correlated to the growth conditions to optimize the parameters to
obtain high quality films. A wide range of surface and bulk characterization techniques
are available with varying spatial and depth resolutions.120 In general, the characterization
techniques use electrons, ions, or photons as the primary incident (probing) beam, which
interact with the materials and emit secondary beams that carry the information of the
material properties.119 Further, characterization techniques are classified as destructive or
nondestructive and most of them require high (pressure is in the range of 1×10-6 Torr to
1×10-9 Torr ) or ultrahigh vacuum conditions (pressure is in the range of 1×10-9 Torr to
1×10-11 Torr). Table Ι summarizes some of the material characterization techniques used
in this study, highlighting their primary and secondary beams, and the type of
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information they provide. One or multiple characterization techniques can be used to
analyze a specific thin film depending on the information we need.
Table 1. Various characterization techniques used in this study to understand the
properties of MBE grown thin films.
Characterization technique
Reflection high energy
electron diffraction
(RHEED)
Atomic force microscopy
(AFM)
Scanning electron
microscopy (SEM)
Rutherford backscattering
spectrometry (RBS)
X-ray photoelctron
spectroscopy (XPS)

Primary
beam

Secondary
beam
Type of information

Electron Electron

Electron Electron

Ion

Ion

Photon

Electron

X-ray diffraction (XRD)

Photon

Photon

X-ray reflectivity (XRR)

Photon

Photon

Surface morphology and growth
mode
Surface morphology and
roughness
Surface topography
Film composition and thickness,
Interface characteristics, elemental
depth profile
Surface elemental concentration
and chemical state
Crystalline nature, orientation and
phases
Film thickness and interface
roughness

3.3.1 X-ray diffraction
A beam of x-rays is an electromagnetic wave with wavelength ranging from about 10 to
10-3 nm. Therefore, the propagation of x-rays through the crystalline material leads to
diffraction as a combination of incoherent and coherent scattering and absorption.121
Especially, when x-rays encounter a crystal with long range ordered atomic arrangement,
they are diffracted as a function of the atomic position.122 The intensity and angle of the
diffracted x-rays depend on the atomic or molecular species and geometry of the crystal
lattice. Therefore, the diffracted x-rays from a crystal lattice can be used to determine the
crystallinity, crystalline phase, orientation and quality, atomic or molecular species in the
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material, texture, grain size, residual stress, and lattice parameters.123 The resultant
technique is called x-ray diffraction (XRD).115 The diffraction of x-rays by crystals can
be attributed to certain phase relations between two or more x-ray beams as shown in
figure 7. If two x-ray beams incident on two lattice planes are completely in-phase with

θ

θ
θ θ

d
A

C
B

Figure 7. A schematic diagram showing the diffraction of x-rays with wavelength λ from
the crystal lattice planes, indicating the Bragg condition for the constructive interference
of x-rays from two lattce planes with interplanar spacing d.
each other, the path difference (Δ) is zero or an integer multiple of wavelength (λ) and the
diffracted waves have constructive interference, and if the diffracted waves are out of
phase (Δ= nλ/2), they interfere destructively. The condition for the constructive
interference is given by the Bragg law in terms of the wavelength of x-rays (λ), angle of
incidence (θ), and the inter-planar spacing (d), as given below.124
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If the Bragg law is satisfied, peaks can be observed in the XRD pattern depending on the
atomic or molecular species and the crystalline phases and orientations of the sample. 115
The information obtained from the XRD pattern is based on the position, intensity, and
shape of the diffraction peaks.123 The peak position depends on the geometry of the
crystal lattice and provides information and identification of the phase and orientation,
and lattice parameter. The intensity of the peaks depends on the type of atoms and their
arrangement in the unit cell of the crystal. The size of the crystallites can be obtained
from the peak width using Scherrer formula.125, 126
XRD is a non-destructive material characterization technique, which has been used to
study a wide range of material properties in both research and industry.127 In general,
XRD is used to analyze the crystalline materials; however, it can also be used obtain
some information of amorphous solids and liquids.128 Different types of XRD techniques
have been employed in research and industry such as powder XRD, high resolution x-ray
diffraction (HRXRD), x-ray reflectivity (XRR), glancing (or grazing) incidence x- ray
diffraction (GIXRD), x-ray rocking curve analysis, and pole figure and texture analysis to
obtain specific information about the materials.120
GIXRD is mainly used to confirm the epitaxial nature of thin films grown on single
crystal substrates.127,

129

In GIXRD geometry, the detector scans the diffracted beam

asymmetrically over a 2θ range of interest by keeping the incident x-ray beam fixed at a
small glancing angle (~5°). GIXRD patterns do not show any peaks for a single crystal
thin film or a substrate. Since the crystal planes are parallel to the substrate surface, the
Bragg condition will not be satisfied in this geometry. Instead, it only shows peaks for
polycrystalline materials, which can be used to identify the presence of polycrystalline
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phases in epitaxial thin films grown on single crystal substrates. This technique is useful
to identify peaks originating from the thin film, which are overlapped with the substrate
peaks in the standard XRD geometry and cannot be distinguished.
HRXRD is used to determine in-plane and out-of-plane orientations and lattice
parameters of epitaxial thin films.129 Precise measurements of small changes in the lattice
parameters by HRXRD provide information about the strain and doping effects in the
crystal lattices.123 In general, the technique is used in two configurations, double-axis and
triple-axis.129 In double-axis measurements, the detector does not discriminate between
different diffraction angles (2θ). However, in triple-axis measurements, the analyzer (a
crystal or a slit) constrains the angular acceptance of the detector allowing only one 2θ
angle to be detected. Both HRXRD configurations use a monochromator, which provides
a conditioned beam. XRD rocking curves (plot of intensity vs incident angle) can be
obtained in both these HRXRD geometries by changing the incident angle (Ω), while
keeping the detector stationary. Rocking curves can provide information about the
crystalline quality of the sample including lattice mismatch, misorientation, relaxation,
and crystal defects such as dislocation density, mosaic spread, curvature, and
inhomogeneity.123, 129
The x-ray pole figure measurements are used to understand the epitaxial relationship
between the thin film and the substrate by means of texture analysis.129 It also provides
information about single or multiple in-plane domains present in the thin film in terms of
the number of poles in the pole figure. In general, texture is the distribution of
crystallographic orientations of grains in a material or film, which can influence the
material properties. A thin film grown on a single crystal substrate can be classified as
27

epitaxial, textured epitaxial or textured polycrystalline based on the texture. Texture can
be determined by various methods and is often represented using a pole figure, in which a
specified crystallographic axis (or pole) from each of a representative number of
crystallites is plotted in a stereographic projection. The most widely used quantitative
texture analysis method is XRD with texture goniometers.
XRR is another powerful technique, which has been used to measure the film thickness,
interface roughness, and layer density.121 Above the critical angle of total external
reflection of x-rays, the probing depth increases rapidly, allowing precise measurements
of the above mentioned properties of thin films using XRR. A minimum layer thickness
of 1 nm and density changes of 1-2% can be precisely measured by XRR under optimum
sample conditions. However, XRR is not useful if there is no difference in the electron
density between the layers or layer and substrate and the roughness of the film is over 50
nm.
In this study, HRXRD measurements for both in-plane and out-of-plane reflections
including rocking curve and pole figure measurements were performed using a fourcircle Philips X’pert materials research diffractometer115 operating at 45 kV and 40 mA
with a fixed Cu anode. A hybrid monochromator, consisting of a four-bounce Ge(220)
crystal and a Cu x-ray mirror, was employed in the incident beam path to provide
monochromatic x-rays from Cu Kα1 (λ=0.154056 nm and Δλ/λ=23 ppm) with a beam
divergence of 12 arc-sec. The step sizes of 0.01° and 0.02° were used for the diffraction
angle in the 2θ-ω scan with a scan time of ~5 s for each data point in a 2θ range of 1585°. GIXRD and XRR measurements were performed using the Philips X’pert multipurpose diffractometer shown in figure 8. The analysis of diffraction data was performed
28

Figure 8. The Philips X’pert multi-purpose diffractometer, which is used for the xray diffraction measurements of MBE grown thin films.
using JADE 8.5 and JPOWD 5.1 from Materials Data Inc. and PDF4+ database from
ICSD. The lattice parameters of CeO2 and ZrO2 were calculated by JADE’s pseudo-Voigt
profile function using the respective diffraction peaks in the 2θ-ω scan.
3.3.2 X-ray photoelectron spectroscopy
X-ray photoelectron spectroscopy (XPS) is a surface analysis technique used to
understand the chemical properties of materials.120, 130-132 In XPS, monoenergetic x-rays
are used as the probing beam and photoelectrons ejected from the sample surface are
detected. The elements present in the sample can be identified using the kinetic energies
of these photoelectrons, which are directly related to the binding energies of the
elements.130 XPS can detect all elements except H and He and provide information about
the concentration and chemical state of each element present in the sample being
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analyzed. The measured intensity of photoelectrons provides information about the
relative concentration of elements; however, XPS is semi-quantitative without standards.
The chemical state of elements can be obtained from small variations in kinetic energies
of the photoelectrons.120
In XPS, the photoemission process is initiated by bombarding the sample with
monoenergetic soft x-rays, which are generated using an x-ray gun most commonly
equipped with an Al or Mg source. Al Kα and Mg Kα x-rays with a narrow line width
and respective energies of 1486.6 eV and 1253.3 eV can be produced by bombarding the
Al or Mg anode with high energy electrons (typically with energies from 15-150 keV).130
The x-rays probe into the sample, excite and eject electrons from the core level as shown
in figure 9. In a chemical compound, only the electrons in a valance band of an element

Figure 9. Schematic diagram of the photoemission process that occurs in XPS, showing
the excitation and removal of electrons from a core level using soft x-rays. The binding
energy of the core electrons is related to the energy of x-rays, kinetic energy of ejected
photoelectrons, and the work function of the spectrometer.
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are involved in the chemical bonding. Therefore, the kinetic energy of photoelectrons
emitted from the core level (KE) is characteristic of each element in the material. The
binding energy of the core electrons (BE) can be determined using KE, the energy of xrays (hν), and the work function of the spectrometer (Φs) using the following equation.130

In general, photoelectrons with kinetic energies ranging from 300 eV to 1500 eV are
being used in the XPS analysis. Although the x-rays penetrate deeply into the sample, the
energy loss of photoelectrons due to inelastic scattering makes XPS a surface sensitive
technique. The inelastic mean free path of electrons (λ) is around 1-3 nm for Al Kα xrays, which depends on the kinetic energy of the electrons. Therefore, the sampling depth
(3λ) is in the range of 3-10 nm under these conditions, where 95% of all photoelectrons
reaching the surface are coming from this depth.132
The photoelectrons that reach the sample surface without any inelastic energy loss exhibit
spectral lines or peaks, and electrons that have lost their energy appear as the background
in the XPS spectrum (plot of intensity vs. binding energy of photoelectrons). Auger and
satellite peaks may also appear in the XPS spectrum.130 In order to analyze the sample
below the sampling depth, XPS depth profiling can be used by sputtering the sample with
suitable ions (typically Ar and Xe).120 However, XPS depth profiling is a destructive
technique in contrast to XPS surface analysis. Therefore, angle resolved XPS can be
employed by changing the photoemission angle to obtain non-destructive the depth
profile near the surface for sensitive materials.120
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In this study, the XPS data were collected from a physical Electronics Quantum
2000Scanning ESCA Microprobe shown in figure 10, which consists of a focused Al Kα

ESCA

Figure 10. The physical Electronics Quantum 2000 Scanning ESCA Microprobe used for
the x-ray photoelectron spectroscopy measurements of thin films.
x-ray source (1486.6 eV) and a high energy resolution hemispherical analyzer. The x-ray
beam was incident normal to the sample and the emitted photoelectrons were collected at
different photoemission angles (typically angle of 45° off normal). XPS data was
collected in two different modes: survey and high resolution. In the survey scans, data
were collected over a wide range of binding energy (0- 1400 eV), which was used for the
identification and quantification of elements. The survey scans are also useful to identify
any contaminants on the sample surface. The high resolution scans were obtained within
a smaller energy window by selecting the high intensity peaks in the survey scan to find
out the chemical state of each element in the sample. The XPS depth profile was obtained
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by sputtering the films using 2 kV Ar+ ions rastered over a 2 mm × 2 mm area of the
sample. The ion beam sputter rate was calibrated as 4.4 nm/min based on a known
thickness of SiO2/Si reference material.
3.3.3 Atomic force microscopy
Atomic force microscopy (AFM) is a scanning probe microscopy (SPM) technique,
which is used to image the sample surface with nanometer-resolution (atomic resolution
in some cases).133-136 AFM utilizes the force between a sharp tip and the sample surface
to map a 3-D image of the surface with atomic scale vertical resolution and high lateral
spatial resolution. It can be operated in ambient, vacuum, or aqueous conditions. In
contrast to scanning tunneling microscopy (STM), AFM can be used to image the
insulating samples. AFM images can provide information about the surface topography
and roughness.
In general, the AFM instrument has a sharp tip placed on a flexible cantilever positioned
above the sample, a mechanical system to move and raster the tip across the sample, a
method to determine deflection of the cantilever, a feedback control and display system
to monitor and control the deflection, and a means to convert the data into an image.136
The cantilever acts as a spring with a spring constant less than that of the sample surface.
Therefore, when the cantilever moves on the sample surface it deflects upward or
downward due to the net repulsive or attractive force between the tip and the surface,
respectively. This force (F) is proportional to the deflection of the cantilever (x)
according to Hooke’s law as given below.135 Here, k is the spring constant of the
cantilever.
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The cantilevers are typically made of Si, SiO2, or Si3N4 with varying spring constants and
resonant frequencies.137 Most of the advanced AFM instruments use optical techniques to
measure the deflection of the cantilever.137 A schematic diagram of the AFM instrument
used in this study, Digital Instrument (DI) Nanoscope IIIa multimode scanning probe
microscope is shown in figure 11. This instrument uses the optical measurement system

Figure 11. Schematic diagram of the Digital Instrument (DI) Nanoscope IIIa multimode
scanning probe microscope used in this study to obtain AFM images of MBE grown thin
films.
consisting of a diode laser, a mirror, and a photodiode detector. The laser light reflected
from the cantilever is focused on to the photodiode detector using the mirror to measure
the deflection based on the change in position of the laser spot. A computer is used to
feedback this data and display the images of the sample surface and a piezoelectric
actuator controls the movement of the cantilever. The AFM can operate in three primary
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imaging modes which depend on the sample type, operating environment, and the
expected resolution of the images.133, 134 In the contact mode, a repulsive force is exerted
on the tip and images are obtained by keeping the cantilever deflection constant. The
contact mode imaging is the easiest way to obtain atomic scale resolution; however, the
strong repulsive forces can damage the sample surface and produce artifacts in the
images. In the tapping mode the cantilever oscillates at its resonant frequency and gently
taps on the sample surface. The tapping mode images are obtained by maintaining
constant oscillation amplitude. In non-contact mode, the tip does not contact the surface,
but oscillates at its resonant frequency close to the surface. Images are obtained by
keeping the resonant frequency constant, which is shifted due to van der Waal’s forces
exerted on the tip. In this study, the tapping mode AFM was used to obtain the images of
MBE grown thin films.
3.3.4 Rutherford backscattering spectrometry
Ion scattering techniques have been extensively used for the analysis of materials
including elemental identification, chemical composition, film thickness, and structural
properties at the interfaces.120 The physics behind the ion scattering in solids can be
explained using general classical mechanics, i.e., an elastic two body collision. The
energy of the scattered ions (E1) can be related to that of the incident ions (E0) using
energy and momentum conservation principles as follows.138, 139
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K is known as the kinematic factor, which depends on the mass of the incident ion (M1),
mass of the target atom (M2), and the scattering angle (θ). For scattering by light ions, the
difference in E1 for light target atoms is larger than for heavy target atoms according to
the above equation, indicating the easy separation between two light atoms compared to
heavy atoms. Another important factor in ion beam scattering is the scattering cross
section (σ), which represents the probability of such a collision between the incident ion
and target atom and determines the signal amplitude of the backscattering spectrum as
defined by the following equation.138, 139
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Where σ is proportional to the square of the atomic numbers of the projectile (Z1) and
target element (Z2) as given in the above equation, which produces a signal with high
amplitude for heavy elements. Therefore, the detection of light elements in a heavy
element matrix is difficult due to the significant difference in signal amplitudes. σ is also
inversely proportional to E02; however, it does not change significantly as a function of
energy when E0 > 0.5 MeV.120 When the energetic ions penetrate into a solid, they lose
energy primarily due to the electronic interactions with the target atom. The rate of
energy loss (dE/dx), also known as the stopping power, determines the depth resolution
of ion scattering experiments.139 The ratio between the stopping power and the areal
density of the atoms within the distance dx is known as the stopping cross section, which
can be used to find the thickness of the material.120 The increase in the energy spread of
incident ions due to the interactions as a function of depth (energy straggling) is also
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important in ion scattering, especially for bulk materials.139 However, this effect is not
significant for thin films.120
The ion scattering techniques can be primarily classified as low, medium, and high
energy ion scattering. Here, the Rutherford backscattering spectrometry (RBS), one of the
high energy ion scattering techniques138, 140-143, will be briefly discussed. RBS was used
in this study to characterize the thin films grown by MBE. Incident ions with energies
ranging from 0.5 to 4 MeV are used in RBS (typically a 2 MeV He+ beam). In this energy
range, the stopping power is approximately constant and there is less variation in the
scattering cross section (almost pure Rutherford scattering).120 The elemental
identification and quantification is feasible in RBS, since the backscattered energy the of
ions is element specific and the backscattering yield is related to the relative
concentration of elements. The film thickness can also be determined using the width of
the peaks in the RBS spectrum. The RBS spectrum also provides the information about
elemental depth distributions, since incident ions lose energy as a function of depth based
on the stopping power of the material.
RBS spectra can be obtained using two different geometries: random and channeling. If
the ion beam is well aligned with the major axial direction of a single crystal target
(channeling geometry), ions channel through the rows of atoms and backscatter only
from the surface atoms, providing a low backscattering yield. When the sample is rotated
by a few degrees away from the channeling direction (random geometry), virtually all the
ions are backscattered from the atoms in the material, providing the highest
backscattering yield. The ratio between the backscattering yields in the channeling
direction to the random direction just below the surface peak (minimum yield) is an
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indication of the epitaxial quality of a single crystal. In this study, RBS measurements of
ceria and zirconia based thin films in both random and channeling geometries were
carried out in a tandem Van de Graaff accelerator located at the Environmental Molecular
Sciences Laboratory.144 The backscattering spectra of 2.0 MeV He+ ion beam were
collected using a silicon surface barrier detector at a scattering angle of 150°. The
experimental RBS data was simulated and analyzed using the SIMNRA program.145,
146

SIMNRA uses a database of different Rutherford, non-Rutherford and nuclear reaction

cross sections and electronic stopping power values to calculate the spectra for a given
ion-target combination with any scattering geometry. The thickness and composition of
the films are determined by fitting the simulated and experimental data by means of the
Simplex algorithm.145
3.4 Electrical conductivity measurements
Following the MBE growth and characterization of structural and chemical properties of
samaria doped ceria (SDC) and scandia stabilized zirconia (ScSZ) multilayer thin films,
the oxygen ionic conductivity of these thin films was measured by a four probe van der
Pauw method combined with electrochemical impedance spectroscopy (EIS). The
importance of the van der Pauw method and EIS in the oxygen ionic conductivity
measurements of thin film electrolytes will be briefly discussed in this section.
3.4.1 Four probe van der Pauw method
The van der Pauw method was first introduced by L. J. van der Pauw in 1958 to measure
the resistivity and Hall coefficient of flat and thin samples of arbitrary shape. 147 In order
to use this method, the sample must be homogenous, isotropic, and free of any isolated
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holes. In addition, the sample thickness must be significantly smaller compared to the
other dimensions of the sample. The measurements can be carried out using four ohmic
contacts placed on the sample surface (close to the edges of the sample), which are far
apart from each other with respect to the film thickness. The contacts must be as small as
possible and leads connecting the contacts should be of the same material and same batch
of wires to minimize thermoelectric effects. Considering the possible van der Pauw
experimental configurations shown in figure 12, we can derive an equation to calculate

Figure 12. Two of the four possible van der Pauw configurations, which can be used to
measure the sheet resistance (or resistivity) of the sample. (Reproduced from
http://tau.nanophys.kth.se)
the resistivity of the sample known as the van der Pauw equation.147 The resistance
measured in each configuration can be written in terms of the measured voltage and
current as follows.
⁄
⁄
Therefore, the van der Pauw equation can be written as,
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Where, ρ = resistivity and d = thickness of the sample.
According to the reciprocity theorem,

If the sample possesses a line of symmetry,

Therefore, the resistivity of the sample is given by the van der Pauw equation,

According to this equation, the resistivity of a thin and flat sample with a line of
symmetry can be calculated using the sample thickness (d) and the resistance (R)
measured using 4-probe van der Pauw method.
3.4.2 Electrochemical impedance spectroscopy
Electrochemical impedance spectroscopy (EIS) has been used to analyze the ionic
conducting materials148 and has a wide range of applications in fuel cells, batteries,
corrosion, and electrodeposition.149,

150

EIS is used to measure the electrochemical

impedance by applying an ac potential to the electrochemical cell and then measuring the
current through the cell. Both the ac voltage and current signals have the sinusoidal form
with a phase difference of φ and the ratio of the voltage to current is defined as the
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impedance of the component. The impedance (Z) is dependent on the frequency (ω) of
the ac potential and has real and imaginary components with amplitude of Z0 as given in
the following equation.

The real part of the impedance represents the resistance and the imaginary part is due to
the collective effect of capacitance and inductance of the sample. The ac voltage lags the
ac current across a capacitor by 90° and therefore the imaginary part of the impedance is
negative for an electrical circuit with a resistor and capacitor. The plot of imaginary part
vs. real part of the impedance in a range of frequency is called the Nyquist plot. In the
Nyquist plot, the y-axis is negative and each point in the plot is the impedance at a
specific frequency, but the respective frequency values are not displayed in the plot. The
impedance is represented by a vector of length Z and the angle between this vector and
the x-axis is φ as shown in figure 13. Figure 13 shows the Nyquist plot of a simple

Figure 13. Schematic diagram of a Nyquist plot of simple electrical circuit with single
time constant.
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electrical circuit with a single time constant. The Nyquist plots often show several
semicircles based on the electrical properties (or components) of the system. The
resistance of the system (R) is equal to the real value of impedance, where the low
frequency end of the semicircle intercepts the x-axis (ideally at ω = 0).
3.4.3 Experimental set up
The custom build experimental set up was used to measure the oxygen ionic conductivity
of SDC/ScSZ multilayer thin films. The sample was placed inside an alumina ceramic
tube, which is shown in figure 14. Au wires supported with small ceramic tubes were
used as leads and ohmic contacts were made from the same wires by melting one end.
During the measurements, Au wires were pressed on the sample using a spring loaded
system to obtain better ohmic contacts. The other ends of the Au probes were connected
to a Solartron SI 1260 impedance analyzer to obtain the impedance spectra (Nyquist
plots) by applying ac voltage of 500 mV. Impedance measurements were carried out in a
frequency range of 1 Hz to 1MHz.

Thermocouple
Figure 14. The alumina ceramic tube (14” long) used for the oxygen ionic conductivity
measurements of thin film electrolytes. Au wires were used as the contacts and leads,
which were pressed onto the sample placed inside the tube using a spring loaded system.
An s-type thermocouple placed outside the tube was used to measure the temperature.
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The conductivity measurements of each sample were carried out in a temperature range
of 500-800°C by placing the alumina ceramic tube inside a high temperature tube
furnace. The impedance spectra were obtained in 25°C steps within this temperature
range. The temperature of the sample was measured using an s-type thermocouple placed
outside the ceramic tube and close to the sample. The impedance spectra were collected
by ZPlot software and the data was analyzed using the ZView program. The resistance at
each temperature was obtained from the intercept of the semicircle and x-axis in the
impedance spectra at the low frequency end. Then, this value was used in the van der
Pauw equation along with the film thickness to calculate the oxygen ionic conductivity of
the samples at each temperature.
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CHAPTER 4
SAMPLE PREPARATION
4.1 Deposition of CeO2(111) thin films on Al2O3(0001) substrates
Growth of CeO2 thin films on Al2O3(0001) substrates by oxygen plasma-assisted
molecular beam epitaxy (OPA-MBE) and the in-situ characterization by reflection high
energy electron diffraction (RHEED) was carried out in the ultrahigh vacuum (UHV)
chamber (figure 4) discussed in chapter 3. Al2O3(0001) is chosen as the substrate due to
its insulating nature to avoid the substrate contribution to the total electrical conductivity
of samples. The Al2O3(0001) (10 x 10 x 1 mm3) substrate was ultrasonically cleaned in
acetone for ~10 min prior to loading in the UHV system and inside the chamber the
substrate was further cleaned at 650°C for ~10 min by oxygen plasma exposure at ~2×105

Torr of O2.

Before starting the deposition, the RHEED pattern for the well cleaned substrate was
obtained by adjusting the position and intensity of the electron beam and the substrate
position. For the deposition, high-purity Ce metal (99.9%) was evaporated using an
electron beam evaporator and the Ce flux was stabilized prior to opening the sample
shutter. Thin films of CeO2 were grown by directing the predetermined quantity of Ce
metal flux onto the Al2O3(0001) substrate at 650°C in an activated oxygen plasma of
~2×10-5 Torr. Growth rate was measured in-situ by a pre-calibrated quartz crystal
oscillator (QCO). Calibration of the QCO was carried out by analyzing the as-grown
films using ex-situ techniques, such as x-ray reflectivity (XRR), Rutherford
backscattering spectrometry (RBS), and x-ray photoelectron spectroscopy (XPS). Thin
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films with different growth rates from 1 to 10 Å/min were grown by keeping the
temperature and oxygen partial pressure fixed. The thin film growth was monitored using
RHEED with a 15 keV e--beam at an incident angle of ~3-5o. The film thickness was kept
at ~50 nm for all CeO2 films grown at different growth rates.
4.2 Sm2O3 doping of CeO2(111) thin films
Samaria doped ceria (SDC) thin films were also grown on Al2O3(0001) substrates by
OPA-MBE using the same growth parameters established for the deposition of
CeO2(111) epitaxial films in the process discussed in the previous section. High purity
Sm metal (99.9%) was evaporated using an effusion cell, which was operated in the
temperature range of 650°C - 725°C based on the Sm2O3 flux rate required. Ce metal was
evaporated from an electron beam evaporator operating at 4.5 kV as mentioned in the
previous section. The Sm2O3 flux rate was varied from 1 to 3 Å/min in 0.5 Å/min steps
by keeping CeO2 flux rate constant at 9 Å/min to obtain the optimum dopant
concentration (15 mol % SmO1.5)63 reported in the literature for epitaxial SDC thin films.
The bulk density values of 7.13 and 7.43 g/cm3 were used for CeO2 and Sm2O3,
respectively to monitor the flux rate using a pre-calibrated QCO. After establishing the
optimum dopant concentration, SDC thin films were also grown at -80°C in addition to
650°C to understand the influence of growth temperature on the properties of SDC. The
film thickness was also varied from 50 to 300 nm to understand the influence of film
thickness on the surface morphology and crystalline orientation of SDC thin films.
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4.3 Deposition of pure and Sc2O3 stabilized ZrO2 thin films
Pure ZrO2 and scandia stabilized zirconia (ScSZ) thin films were also grown on
Al2O3(0001) substrates by OPA-MBE at a substrate temperature of 650°C and at an
oxygen partial pressure of 2.5×10-5 Torr. High-purity Zr metal (99.9%) was evaporated
by an electron beam evaporator operating at 4.5 kV. Sc metal (99.9% purity) was
evaporated from a high temperature effusion cell, which was operated in the temperature
range of 1250-1380°C based on the desired Sc2O3 flux rate. In this study, the Sc2O3 flux
rate was varied between 1 and 2 Å/min in 0.2 Å/min steps by keeping the ZrO2 flux rate
fixed at 9 Å/min to obtain ScSZ thin films with optimum dopant concentration (20 mol%
ScO1.5)36 reported in the literature. Pure ZrO2 was grown by keeping the ZrO2 flux rate at
9 Å/min. The flux rates for both Sc2O3 and ZrO2 was monitored by a pre-calibrated QCO
using Sc2O3 and ZrO2 bulk density values of 3.86 and 5.6 g/cm3, respectively.
4.4 Deposition of SDC/ScSZ multilayer thin films on Al2O3(0001) substrates
In this study, alternative layers of SDC and ScSZ were grown on Al 2O3(0001) substrates
by OPA-MBE as shown in figure 15. The growth of multilayers was carried out by using
the same growth conditions and procedure established for single layer SDC and ScSZ
epitaxial thin films with optimum dopant concentrations as mentioned in the previous
sections. The sample and effusion cell shutters in the MBE system allowed easy
switching from the deposition of one layer to another by maintaining the initial growth
parameters including the dopant concentrations. The ScSZ layer was grown first on the
substrate due to the lesser lattice mismatch of 8% with the substrate, followed by the
growth of SDC for which the lattice mismatch with the substrate is 14 % and with ScSZ
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Figure 15. Schematic diagram of the alternative layers of samaria doped ceria and
scandia stabilized zirconia grown on the Al2O3(0001) substrate by molecular beam
epitaxy.
is 6%. The films with 2, 4, 8, 12, 16, and 20 layers were grown by keeping the total film
thickness constant at ~140 nm. The total film thickness value of 140 nm was selected by
considering the time taken to grow a 20-layer film (approximately 12 hours) and the
thickness values reported in the literature for the other oxygen ionic conducting
multilayer thin films. The latter reason is important, since it allows the comparison of the
ionic conductivity of SDC/ScSZ system and the other multilayer ionic conductors
reported in the literature by neglecting the influence of film thickness.
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CHAPTER 5
RESULTS AND DISCUSSION
5.1 The influence of growth rate on the properties of CeO2 thin films grown on
Al2O3(0001) substrates
CeO2 (ceria) is one of the extensively studied functional materials; it continues to attract
attention because of its unique properties that led to a wide range of applications in
catalysis,151,

152

state-of-the-art microelectronics,153,

154

and medical biology155 as an

oxygen buffer due to its strong reduction-oxidation (redox) potential. There is a
considerable interest in doped CeO2156-158 as an electrolyte material with possible
applications in intermediate-temperature solid oxide fuel cells (IT-SOFC). Doped CeO2
has high oxygen ionic conductivity and thermal expansion compatibility with other
components of the SOFC.159,

160

CeO2-based materials are also being used in resistive

oxygen gas sensors as oxygen sensing platforms52, 161 and plasmonic gas sensors for the
detection of H2, NO2, and CO.162
For the understanding of the fundamental properties of the material, CeO2 thin films were
grown on various substrates by different techniques.163-166 Using thin films, the
investigations of materials offer many advantages, such as (a) novel electron and
electromagnetic spectroscopic techniques can be used to characterize the material and (b)
state of the art spectrometric techniques such as ion beam analysis and secondary ion
mass spectrometry can be used to precisely quantify the uptake and the transport of light
and heavy elements through the material.
Theoretical and experimental studies have shown that the surface potential, stability, and
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oxygen vacancy formation in CeO2 thin films depends upon the epitaxial orientation on a
given substrate.167-171 Most of these thin films are deposited as low-index surfaces of
CeO2 such as CeO2(111), CeO2(110), and CeO2(100).165 Surface energy calculations have
confirmed that CeO2(111) is the most stable, and has the lowest surface energy,172 which
makes this surface suitable for various applications. It is also a closely packed surface
with minimum surface relaxation after the growth.170 The stability of the CeO2(111)
surface was confirmed by experimental studies using x-ray photoelectron spectroscopy
(XPS) and low-energy electron diffraction (LEED).169 On the other hand, the CeO2(100)
surface is relatively less stable and requires lower energy to create oxygen vacancies.168
Theoretical simulations have suggested that the CeO2(100) surface is unstable due to a
non-zero electric dipole moment perpendicular to the surface.173
In general, the (100) surfaces with fluorite structure have an infinite surface energy,
which can be reduced by surface roughening, surface charge relocation, surface defects,
and surface reconstruction.174, 175 Theoretical studies further predicted that the removal of
half a monolayer of oxygen at the CeO2(100) surface would neutralize and stabilize the
structure,172 which is also confirmed by angle-resolved mass spectroscopy of recoiled
ions.176 Since low-index surfaces of CeO2 thin films exhibit different properties, it is
technologically important to understand their surface structure and property relationships.
High quality single crystals of CeO2 are commercially not available; therefore, pristine
thin films of CeO2 with a specific epitaxial orientation on a given substrate are required
for better understanding of the properties.
Recently, high quality single crystal CeO2-based thin films have been synthesized on
YSZ(111), SrTiO3(100), and Al2O3(0001) substrates using molecular beam epitaxy.156-158,
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163, 177

Furthermore, various characterization capabilities have been used to understand the

influence of the substrate, growth temperature, film thickness and oxygen partial pressure
on the properties of CeO2 thin films. In general, the epitaxial orientation, crystalline
quality, and the surface morphology of single crystal thin films depend upon the substrate
material and growth temperature. If the lattice mismatch between the film and the single
crystal substrate is relatively small, a single crystal film can be grown on the substrate at
an elevated growth temperature. If the growth is carried out at or below room
temperature, then the thin film becomes polycrystalline even if the film is grown on a
single crystal substrate. Therefore, properties of epitaxially grown CeO2-based thin films
have been optimized with respect to the substrate and growth temperature in the previous
studies.156-158, 163, 165 However, the influence of growth rate on the surface morphology
and structural properties of CeO2 thin films largely remains unexplored.178 In this
section, the effects of growth rate on the surface morphology and epitaxial orientation of
CeO2 thin films grown on Al2O3(0001), and their crystalline quality including the
alignment of crystallites and in-plane domains will be discussed. Various in-situ and exsitu characterization techniques were used in this study to understand the growth rate
dependent properties of CeO2 thin films. A model based on the structures of CeO2(111),
CeO2(100), and Al2O3(0001) will also be discussed to explain the physics behind the
formation of more complex polar and non-polar surfaces of CeO2 thin films on an
Al2O3(0001) substrate as a function of growth rate.
5.1.1 The effects of growth rate on the surface morphology of CeO2 thin films
In general, the growth of crystalline thin films on single crystal substrates can be
described as two-dimensional (2-D) layer-by-layer, three-dimensional (3-D) island or
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layer-plus-island (Stranski-Krastanov growth).119 Each of these growth modes results in
certain surface morphology of thin films as shown in the schematic diagram in figure 16.

Figure 16. Schematic diagrams of (a) 3-D island (b) 2-D layer, and (c) StranskiKrastanov growth modes of thin films, indicating the nucleation and growth with the
increasing deposition time (from top to bottom). (Reproduced from
http://en.wikpedia.org)
Monitoring the surface morphology of a thin film during the growth enables the
identification of the growth mode. The in situ reflection high energy electron diffraction
(RHEED) patterns collected from the clean Al2O3(0001) surface and the CeO2 films
grown on Al2O3(0001) at growth rates of 1 Å/min and 9 Å/min are shown in figure 17 as
representative examples. The RHEED patterns from the Al2O3(0001) substrate show
sharp streaks following the oxygen plasma treatment, indicating a clean and flat film
surface. Following the CeO2 growth at growth rates from 1-7 Å/min, the RHEED patterns
show spots throughout the growth-processes, indicating 3-D island growth.109 When the
growth rate is increased beyond 7 Å/min, the RHEED patterns show a transition from
spots to streaks, indicating epitaxial layered growth.
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(a) Al2O3(0001)

(b) 1 Å/min

(c) 9 Å/min

Figure 17. In situ reflection high energy electron diffraction patterns (RHEED) collected
from (a) a clean Al2O3(0001) surface followed by CeO2 growth on Al2O3(0001) at
~650oC under ~2.0x10-5 Torr of O2 plasma at growth rates of (b) 1 Å/min, and (c)
9 Å/min.
Atomic force microscopy (AFM) images recorded for CeO2 thin films grown on
Al2O3(0001) at growth rates of 1 Å/min and 9 Å/min are shown in figure 18. The average
surface roughness is found within 5-10 Å, indicating high-quality surfaces. The heights of
the clusters are ~2.6 and ~2.8 nm for the films grown at 1 Å/min and 9 Å/min,
respectively. About 50 individual clusters were randomly sampled and the average size of
the clusters is found to be ~11 and ~37 nm for the films grown at 1 Å/min and 9 Å/min,
respectively.

(a)

(b)

Figure 18. Atomic force microscopic (AFM) images recorded from CeO2 thin films
grown on Al2O3(0001) at growth rates of (a) 1 Å/min, and (b) 9 Å/min. The average
surface roughness is found to be within 5-10 Å.
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5.1.2 The epitaxial orientation and crystalline quality of MBE grown CeO2 thin films
High resolution x-ray diffraction (HRXRD) patterns measured for CeO2 thin films
grownon Al2O3(0001) for the growth rates of 1 Å/min, 2 Å/min, 5 Å/min and 9 Å/min are
shown in figure 19 and corresponding glancing incidence x-ray diffraction (GIXRD)
patterns are shown in figure 20. The HRXRD patterns show reflections from the CeO2

Figure 19. High-resolution x-ray diffraction (HRXRD) patterns of CeO2 thin films grown
on Al2O3(0001) at growth rates of (a) 1 Å/min, (b) 2 Å/min, (c) 5 Å/min, and (d)
9 Å/min.
thin film and the Al2O3(0001) substrate. At 1 Å/min growth rate, only CeO2(200) and
CeO2(400) reflections were detected, suggesting that the thin film is epitaxial CeO2(100).
The GIXRD pattern revealed the absence of any polycrystalline material in this film as
shown in figure 20(a). At 2 Å/min, the HRXRD pattern shows the CeO2(200) with a
weak CeO2(220) reflection, suggesting that the thin film is mostly CeO2(100)-oriented.
However, the GIXRD pattern (figure 20(b)) shows (111), (220), (311), and (331)
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Figure 20. Glancing-incidence x-ray diffraction (GIXRD) patterns of CeO2 thin films
grown on Al2O3(0001) at growth rates of (a) 1 Å/min, (b) 2 Å/min, (c) 5 Å/min, and (d)
9 Å/min.
reflections from CeO2, confirming the presence of polycrystalline material. With
increasing growth rate from 3 Å/min to 7 Å/min, CeO2(200) and CeO2(400) reflections
were detected with weak CeO2(111) and CeO2(220) reflections, indicating that the film is
still mostly CeO2(100)-oriented. The HRXRD pattern for the CeO2 thin film grown at 5
Å/min is shown in figure 19(c) as a representative example. The GIXRD pattern (figure
20(c)) shows all the reflection peaks from CeO2, confirming the presence of
polycrystalline material in the film. At growth rates  9 Å/min, the HRXRD patterns
show only CeO2(111) and CeO2(222) reflections, indicating the growth of the CeO2(111)oriented thin film.
To understand the crystalline quality of CeO2 thin films with increasing growth rates, xray rocking curves were collected from CeO2(200) reflection for the films grown at
1 Å/min, 2 Å/min, and 5 Å/min, and CeO2(111) reflection for the film grown at 9 Å/min.
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The corresponding curves are shown in figure 21. At 1 Å/min, a narrow rocking curve
with a full width at half maximum (FWHM) value of 0.08° ± 0.01° shows well-oriented
crystallites in the CeO2(100) epitaxial film. At intermediate growth rates (2-7 Å/min), the
x-ray rocking curves consist of an intense narrower peak superimposed on a less intense
broader band. The narrower peak is attributed to relatively larger and well- aligned

Figure 21. The x-ray rocking curves of CeO2 thin films grown on Al2O3(0001) at growth
rates of (a) 1 Å/min, (b) 2 Å/min, (c) 5 Å/min, and (d) 9 Å/min. The data (a-c) is
collected at the CeO2(200) reflection, and (d) at the CeO2(111) reflection. The FWHM
values of the rocking curves are indicated in the figures with an uncertainty of 0.01°.
crystallites and the broader band is most likely from relatively smaller and poorly aligned
crystallites because of significant strain. Both types of crystallites coexist in the
CeO2(100) oriented thin film. With the increase in the growth rate from 2 Å/min to
5 Å/min, the FWHM of the narrower peak remains constant with decreasing area under
the peak. However, the FWHM of the broader band increases from 1.08° to 1.59° ± 0.01º
with an increasing area under the band, suggesting that the ratio of smaller and poorly
aligned crystallites to larger and well-aligned crystallites increases. Similar observations
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were made on ZnO thin films grown on Al2O3(0001), which was interpreted as a twolayer structure with poor and better structural quality near the interface and at the surface,
respectively.179
Linker et al. have observed a mosaic distribution for ultra-thin epitaxial CeO2(100) films
grown on Al2O3(1-102) (r-plane sapphire) by sputtering, where the narrow peak was
ascribed to pseudomorphic growth.180 They attributed the broader band in the mosaic
distribution to the relaxed structure of CeO2(100) resulting from the incorporation of
defects. When increasing the growth rate to  9 Å/min, the CeO2 thin films tend to grow
layer-by-layer, which results in CeO2(111) orientation. At the same time, the x-ray
rocking curve from the CeO2(111) reflection becomes broader with an FWHM of 2.88° ±
0.01º. It suggests that the CeO2(111) oriented film contains poorly aligned crystallites due
to strain induced by the lattice mismatch between CeO2 thin film and Al2O3(0001)
substrate.
In order to understand the epitaxial relationship between the Al2O3(0001) substrate and
CeO2 thin films with increasing growth rate, in-plane x-ray pole figure measurements
were carried out at the position of the Al2O3(202) and CeO2(220) reflections. The x-ray
pole figures of the Al2O3(0001) substrate and CeO2 thin films grown at different growth
rates are shown in figure 22. Since the Al2O3(202) and CeO2(220) reflections are parallel
to the Al2O3(101) and CeO2(110) reflections, respectively, these low-index reflections are
used in the following discussion for simplicity. It is worth mentioning, that the elongation
of the poles along the radial direction is an instrumental effect from line-focused x-ray
optics. The Al2O3(0001) exhibits three in-plane Al2O3(101) poles at 72.40º tilt, showing
the single crystal nature of the substrate. In principle, the CeO2(100) single crystal with
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Figure 22. X-ray pole figures corresponding to the in-plane reflections of (a) Al2O3(202)
poles from an Al2O3(0001) single crystal substrate, and CeO2(220) poles from
CeO2(100), and CeO2(111) thin films grown on Al2O3(0001) with growth rates of (b)
1 Å/min, (c) 2 Å/min, (d) 5 Å/min, and (e) 9 Å/min.

one in-plane domain should show four in-plane CeO2(110) poles at 45º tilt. However, the
CeO2(100) film grown on Al2O3(0001) at 1 Å/min shows twenty-four in-plane CeO2(110)
poles, suggesting that this thin film contains six in-plane domains. The film grown at
2 Å/min also shows twenty-four in-plane CeO2(110) poles, although a half of them are
weaker in intensity. When increasing the growth rate to 5 Å/min, only twelve in-plane
CeO2(110) poles were detected; however, a ring pattern characteristic of polycrystalline
CeO2 is also observed in the background.
By combining the results from the rocking curves and the in-plane pole figure
measurements, it is clear that the relatively smaller and poorly aligned crystallites are
accumulated with increasing growth rate from 2 Å/min to 7 Å/min, which are reflected in
the broadening of the rocking curves and the larger area under the curves. The poorly
aligned crystallites do not seem to contribute significantly to the pole intensity. However,
a fraction of larger and well-aligned crystallites is still present in the films, which
contribute to the pole intensity. In addition, these well-aligned crystallites are
superimposed with poorly aligned crystallites and preferentially occupy three out of six
in-plane domains. As a result, twenty-four in-plane CeO2(110) poles detected for the film
grown at 1 Å/min become twelve poles for the film grown at 5 Å/min. Furthermore,
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when the growth rate increased to 9 Å/min, the CeO2 thin films grow layer-by-layer,
resulting in epitaxial CeO2(111) with poorly aligned crystallites. The CeO2(111) single
crystal should show three in-plane CeO2(110) poles at 35.26º tilt. This is observed for the
film grown at 9 Å/min, suggesting that this film has a single in-plane domain. However,
while this film is composed of poorly aligned crystallites, experimentally it is still
feasible to measure its pole figure with weaker pole intensity.
5.1.3 Understanding the growth rate induced properties of MBE grown CeO2 thin films
Change in the epitaxial orientation of a thin film grown on a single crystal substrate by
MBE as a function of growth rate is unique. In general, if the lattice mismatch between
the substrate and film can be compensated by the elastic strain or misfit dislocations at
the interface, a high-quality epitaxial thin film with a specific epitaxial orientation can be
grown on a single crystal substrate by MBE at an elevated growth temperature. Then the
epitaxial orientation of the film depends only on the substrate orientation and growth
temperature. In the particular system that was used for the study, and the specific
conditions adopted, the lattice mismatch is within the range to keep the high-quality
epitaxial growth. However, the epitaxial orientation of the CeO2 thin film switches from
(100) to (111) with increasing the number of cerium atoms deposited on the Al2O3(0001)
surface. This work provides experimental evidence for growth rate-induced switching of
the epitaxial orientation of the CeO2 thin film. It is believed that the switching of the
orientation from CeO2(100) to CeO2(111) occurs through a transition from kinetically
driven growth under low growth rate to the formation of more thermodynamically stable
surface at higher growth rates.
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A number of theoretical studies have shown that the CeO2(111) surface is energetically
and thermodynamically more stable than the CeO2(100) surface.170, 172, 181 Furthermore, it
is shown that the planar density of (111) planes in a typical face-centered cubic (FCC)
structure is almost four times larger as compared to (100) planes, indicating that the
number of atoms required to grow the CeO2(111) plane is more than the CeO2(100) plane
as a result of the packing differences in these planes.178 In the present study, the film
grows as 3-D islands at 1 Å/min forming epitaxial CeO2(100) on Al2O3(0001), suggesting
that there are not enough atoms available to form the thermodynamically stable
CeO2(111) surface. Instead, the atoms are forced to take the next energetically favorable
CeO2(100) surface, indicating that it is a kinetically driven process. When the growth
rate is increased from 1 Å/min to 2-7 Å/min, the thin film still grows as 3-D islands
forming CeO2(100). There are still not enough atoms available to form CeO2(111). In
addition, there may not be enough time available for all the atoms to move around and
find stable equilibrium positions; hence, a fraction of CeO2(100) crystallites is poorly
aligned, and this fraction increases with increasing growth rate. When increasing the
growth rate to  9 Å/min, there are enough Ce atoms available for the film growth to
energetically and thermodynamically favor the formation of stable CeO2(111), which
agrees with many of the theoretical predictions.170, 172, 182 While the growth of CeO2(100)
on Al2O3(0001) is a kinetic process forming 3-D islands, the presence of multiple inplane domains in a CeO2(100) film is not well-understood. On the other hand, despite the
epitaxial layered growth of thermodynamically stable CeO2(111), it exhibited poorly
aligned crystallites. To investigate the lattice mismatch and possible in-plane domains,
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model structures of Al2O3(0001), CeO2(100), and CeO2(100) were investigated using
JPOWD 5.1 from Materials Data Inc. and PDF4+ database.
An aluminum (Al) bi-layer and an oxygen (O) sub-lattice from Al2O3(0001), and cerium
(Ce) and O sub-lattices from CeO2(100), are shown in figure 23. In Al2O3(0001), each

Figure 23. (a) Aluminum bi-layer and an oxygen sub-lattice in Al2O3(0001). The solid
lines indicate one of the six possible arrangements of CeO2(100) on top of Al2O3(0001).
(b) Cerium and oxygen sub-lattices in CeO2(100). The solid lines indicate a cubic unit
cell in CeO2(100).
aluminum and oxygen atom is coordinated to six oxygen atoms from two oxygen sublattices and four aluminum atoms from two aluminum bi-layers, respectively. The solid
lines indicate the repeating units in the Al2O3(0001) lattice, where the repeating units of
CeO2(100) can be placed on top of them. The solid lines in the CeO2(100) structure
(figure 23(b)) indicate a cubic unit cell in which each cerium and oxygen atom is
coordinated to eight oxygen atoms from two oxygen sub-lattices and four cerium atoms
from two cerium sub-lattices, respectively. The distance and the angle between the
cerium atoms in CeO2(100) are 3.83 Å and 90o, and are 2.71 Å and 90o for oxygen atoms,
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respectively. The structures shown here for Al2O3(0001) and CeO2(100) are oxygen
terminated surfaces, where each oxygen atom is bonded to two cations and it can bind to
two more. When a cerium sub-lattice from the CeO2(100) cubic unit cell is placed on top
of the oxygen sub lattice from Al2O3(0001), as marked by the solid lines, each oxygen
atom in Al2O3(0001) has to bind to two cerium atoms, and each cerium atom needs to
bind to four oxygen atoms from the oxygen sub-lattice in Al2O3(0001). In order to do
that, the cerium sub-lattice has to compress along the c-axis by ~14%; however, no
compression is required along the b-axis.
The oxygen sub-lattice in Al2O3(0001) with the distance and the angle between the
oxygen atoms is shown in figure 24 to highlight the differences in the six repeating
quadrangle units of oxygen atoms. The distance and the angle between the oxygen atoms
from the quadrangle units in oxygen sub-lattice of Al2O3(0001) are found to be 2.52 Å

Figure 24. Oxygen sub-lattice of Al2O3(0001), indicating all six rectangular units of
oxygen atoms in Al2O3(0001) that can bind to Ce in CeO2(100).
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and 2.87 Å, and 52o, 60o, 64o, 112o and 124o, respectively. The cerium atoms deposited
on the Al2O3(0001) surface during the slow growth processes (1 Å/min) can bind to
oxygen atoms in each of six rectangular units, which produces six in-plane domains by
keeping CeO2(100) out-of-plane. Furthermore, Al2O3(0001) has the hexagonal structure
with six-fold rotational symmetry along the c-axis, which also explains the six in-plane
domains in CeO2(100) grown on Al2O3(0001). Each of these six in-plane domains in
CeO2(100) is at an angle of 60o with respect to each other, and as a result the lattice
mismatch between Al2O3(0001) and CeO2(100) is minimized significantly. This leads to
a narrow out-of-plane CeO2(100) rocking curve, showing well-oriented crystallites in the
CeO2(100) direction. Three of the six in-plane domains become less prominent and
eventually disappeared when the growth rate is increased from 1 Å/min to 2-7 Å/min.
This is likely due to the lack of sufficient time to stabilize the cerium atoms on all of the
rectangular units in the oxygen sub-lattice of Al2O3(0001), which may not be
energetically favorable, and results in poorly aligned CeO2(100) crystallites.
The model structures of Al2O3(0001) and CeO2(111) are shown in figure. 25, wherein the
solid lines indicate a hexagonal unit cell of Al2O3(0001), and a possible arrangement of a
hexagonal CeO2(111) unit on top of Al2O3(0001). The distance and the angle between the
cerium atoms in CeO2(111) are 3.83 Å and 120°, respectively, and the same is true for
oxygen atoms as well. In the CeO2(111) lattice, each cerium and oxygen atom is
coordinated to eight oxygen and four cerium atoms, respectively. When a cerium sublattice from the CeO2(111) hexagonal unit is placed on top of the hexagonal unit cell of
Al2O3(0001), each cerium atom has to bind to three oxygen atoms from the oxygen sublattice in Al2O3(0001). To accommodate the CeO2(111) hexagonal unit on top of the
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Figure 25. (a) Aluminum bi-layer and an oxygen sub-lattice in Al2O3(0001). The solid
lines indicate the arrangement of CeO2(111) on top of Al2O3(0001). (b) Cerium and
oxygen sub-lattices of CeO2(111). The solid lines indicate a hexagonal unit in
CeO2(111) that can grow on top of Al2O3(0001).
Al2O3(0001) surface, the cerium sub-lattice has to compress in the direction of all three
axes by ~24%. As a result, the x-ray rocking curve of the CeO2(111) reflection showed a
broader band, which is characteristic of poorly aligned crystallites. However, the thin
film showed an epitaxial layered growth forming an energetically and thermodynamically
stable CeO2(111) surface.
These results confirmed that the epitaxial CeO2(111) thin films can be grown at rates
 9 Å/min on Al2O3(0001) substrates at 650°C and an oxygen partial pressure of 2×10-5
Torr. These optimized growth parameters were used to deposit epitaxial Sm2O3 doped
CeO2 (SDC), Sc2O3 stabilized ZrO2 (ScSZ), and SDC/ScSZ multilayer thin films on
Al2O3(0001) substrates. The growth and characterization of these thin films will be
discussed in the following sections.

63

5.2 The growth and characterization of epitaxial samaria doped ceria thin films
Before the deposition of multilayer thin films, single layer SDC thin films were grown on
Al2O3(0001) substrates by OPA-MBE and extensively characterized to obtain high
quality epitaxial thin films with optimum dopant concentration (15 mol % SmO1.5)
reported in the literature.63 Furthermore, the effects of growth temperature and film
thickness on the properties of SDC thin films were explored. In this section, the growth
and characterization of SDC thin films including their surface morphology, structural
properties, and elemental composition and oxidation state will be discussed.
The in situ RHEED patterns of 15 mol% SmO1.5 doped CeO2 (15SDC) thin films grown
at an elevated (650°C) and a negative (-80°C) growth temperatures are shown in figure
26. The Al2O3(0001) substrate shows sharp streaks in the RHEED pattern after the

Figure 26. In situ RHEED patterns of 15 mol % samaria doped ceria thin films grown at
(a) 650°C and (b) -80°C substrate temperatures, indicating epitaxial layered and
polycrystalline growth, respectively.
oxygen plasma treatment, which indicates a clean and flat substrate surface. Following
the growth of the SDC film at 650°C, streaks appeared in the RHEED pattern (figure
26(a)) indicating an epitaxial layered growth.109 At low growth temperature (-80°C), the
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RHEED pattern shows semicircles, suggesting a growth of a polycrystalline film (figure
26(b)). The RHEED patterns confirmed the change in surface morphology of SDC thin
films with the change in growth temperature. At higher growth temperatures, atoms are
highly mobile and can migrate on the surface to find stable positions, which results in a
highly ordered film surface. However, atoms are less mobile at low growth temperatures
and cannot arrange themselves in an ordered manner, which leads to the growth of a
polycrystalline film.
Following the growth and in situ characterization, XRD measurements were carried out
to determine the crystalline orientation of films grown at different growth temperatures.
XRD patterns of 100 and 300 nm thick SDC films grown at 650°C and a 100 nm film
grown at -80°C are shown in figure 27. The XRD pattern of the 100 nm SDC film grown

Figure 27. XRD patterns of (a) 100 nm and (b) 300 nm thick SDC films grown at 650°C
and (c) 100 nm SDC film grown at -80°C, indicating the change in crystalline nature of
SDC thin films with the film thickness and substrate temperature.
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at 650°C (figure 27(a)) exhibited only CeO2(111) and (222) peaks in addition to
Al2O3(0001) substrate peaks, indicating epitaxial growth of SDC(111) thin film. When
the film thickness was increased to 300 nm, minor CeO2(200), (220), and (400)
polycrystalline peaks appeared in the XRD pattern as shown in the figure 27(b).
However, the SDC film is still highly (111)-oriented which is evident by the presence of
intense CeO2(111) and (222) peaks in the XRD pattern. For the film grown at -80°C, the
XRD pattern (figure 27(c)) shows all the CeO2 peaks with very low intensities compared
to an intense Al2O3(0006) substrate peak. This confirms the polycrystalline nature of
SDC films grown at low growth temperatures. It is worth mentioning that CeO2 peaks in
the 15SDC thin films were shifted to the left of the XRD pattern in comparison to CeO2
peaks in pure CeO2 thin films. This indicated the expansion of the CeO2 lattice due to
Sm2O3 doping. The lattice parameters of cubic CeO2 and 15SDC (300 nm) thin films
grown on Al2O3(0001) were found to be 5.4135 ± 0.0096 and 5.4157 ± 0.0008 Å,
respectively.
Rutherford backscattering spectrometry (RBS) was also carried out on SDC films to
investigate the film/substrate interface characteristics and determine the film thickness.
The fitted experimental and simulated RBS spectra of the SDC film along the random
direction are shown in the figure 28. Arrows in the RBS spectrum indicates the channel
numbers for the elements Ce, Sm, Al, and O on the surface. RBS has a poor mass
resolution for heavy elements, therefore, with the Ce and Sm peaks overlapped in the
spectrum and the area under the peak cannot be used to find the individual elemental
concentration of Ce and Sm. The clearly defined film/substrate interface with sharp Al
edge and Ce/Sm peaks indicates that there is no inter-diffusion of metal atoms across the
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Figure 28. The experimental and simulated RBS spectra of a SDC thin film grown on
Al2O3(0001) substrate, suggesting a well-defined sharp interface between the film and
substrate with no diffusion of metal atoms.

film/substrate interface. The film thickness was also determined from the fitted
experimental and SIMNRA simulated spectra using the width of the Ce/Sm peak, which
was found to be around 100 nm for the sample under characterization. The areal density
of the Ce/Sm peak given in SIMNRA was divided by the atomic density of bulk CeO2
(7.49 × 1022 atoms/cm3) to obtain the film thickness. The atomic density of bulk CeO2
was calculated using the mass density value of 7.13 g/cm3.
To determine the chemical information including the concentration and oxidation states
of each element, XPS was carried out on epitaxial SDC(111) thin films. The near surface
XPS survey spectra of SDC film is shown in figure 29, which exhibits the binding energy
peaks associated with Ce, Sm, and O along with Auger lines. It also shows the binding
energy peaks of carbon due to the surface contamination. The XPS survey spectra further
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Figure 29. XPS survey spectra of SDC thin film grown on Al2O3(0001) substrate
indicating the presence of Ce, Sm, and O and the absence of any contaminants except
residual carbon on the surface.
confirmed the high purity and contaminant free nature of SDC thin films grown by MBE.
By considering high intensity peaks in the survey scan, high resolution XPS spectra were
obtained for Ce3d, Sm3d, and O1s regions as shown in figure 30. The high resolution
Ce3d XPS spectrum of SDC shows six peaks correspond to two multiplets v and u
associated with the spin-orbit split 3d5/2 and 3d3/2 core levels, respectively. The spin-orbit
splitting between 3d5/2 and 3d3/2 core levels is about 18.6 eV. The highest binding energy
peak u´´´ located at about 916.6 ± 0.1 eV is the characteristic peak for Ce4+ oxidation
state and the binding energy peak (v´´´) corresponds to 3d5/2 core level is located at 898.3
± 0.1 eV. Both u´´´ and v´´´ peaks are the result of the Ce(3d94f0) O 2p6 final state. The
lowest binding energy peaks (v, v´´, u, and u´´) associated with Ce4+ oxidation state are
also present at binding energies of 882.4, 888.8, 900.8, and 907.5 ± 0.1 eV, respectively.
The u´´ and v´´ peaks are the result of the Ce (3d94f1) O 2p5 final state and u and v are the
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Figure 30. High resolution XPS spectra of Ce3d, Sm3d, and O1s, which were used to
find the oxidation state and concentration of each element in SDC thin films. Ce and Sm
are in the 4+ and 3+ oxidation states, respectively, confirming the presence of the fully
oxidized CeO2 surface.
result of the Ce (3d94f2) O 2p4 final state. The Ce3d spectra of SDC did not exhibit any
characteristic peaks (v0, v´, u0, and, u´) associated with Ce3+, which confirmed the fully
oxidized CeO2 surface with only Ce4+ in SDC thin films grown on Al2O3(0001)
substrates. The u´/v´ and u0/ v0 peaks are the result of Ce (3d94f1) O 2p6 and Ce (3d94f2)
O 2p5 final states, respectively.
The Sm3d spectrum shows two peaks associated with the spin-orbit splitting 3d5/2 and
3d3/2 core levels, which are located at binding energies of 1082.7 and 1109.8 ± 0.1 eV,
respectively. The spin orbit splitting between the Sm 3d5/2 and 3d3/2 core levels is about
27.1 eV. According to the binding energies of the Sm3d peaks, Sm is in the 3+ oxidation
state, indicating the presence of fully oxidized Sm2O3. The high resolution XPS spectrum
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of O1s shows a peak located at a binding energy of 529.6 ± 0.1 eV, which is associated
with the lattice oxygen in CeO2. The highest binding energy peak of Ce3d located at
916.6 ± 0.1 eV was selected as the charge reference to calculate the binding energies of
peaks associated with each element. The high resolution XPS spectra were also used to
find the atomic concentration of each element using area under the peaks after subtracting
the background. Especially, XPS data were used to obtain the SDC thin films with the
optimum dopant concentration (15 mol% SmO1.5) reported in the literature by varying the
Sm flux rate during MBE growth.
In order to determine the uniformity of the elemental depth distribution throughout the
film, XPS depth profiles were obtained by sputtering the SDC film with Ar+ ions. The
XPS depth profiles of Ce, Sm, and O in the film and Al and O in the substrate are shown
in figure 31. Both Ce and Sm are distributed uniformly throughout the film. For the

Figure 31. The XPS depth profiles of Ce, Sm, O and Al for the SDC film grown on
Al2O3(0001) substrate, indicating uniform elemental depth distributions throughout the
film.
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representative sample used to obtain the XPS depth profile, uniform Sm concentration
was found to be 7 at.%. The XPS depth profile of O showed lower concentration
compared to the expected value for nonstoichiometric SDC due to the preferential
sputtering of oxygen in SDC thin film.

The XPS depth profile was also used to

determine the film thickness by calibrating the sputter time using the sputter rate for
CeO2. The XPS depth profile did not show a very sharp film/substrate interface which is
in disagreement with the observations obtained by RBS; however, inter-diffusion of
metal atoms at the interface is possible due to the Ar+ ion sputtering, therefore, the
film/substrate interface can appear broadened in the XPS depth profile.
5.3 The growth and characterization of epitaxial scandia stabilized zirconia thin films
The epitaxial ZrO2 and Sc2O3 stabilized ZrO2 (ScSZ) thin films were grown on
Al2O3(0001) substrates by using the same growth conditions used for the growth of CeO2
and SDC thin films. The in situ RHEED patterns of ZrO2 and ScSZ thin films are shown
in figure 32. From the start of the growth, the in-situ RHEED pattern showed sharp

Figure 32. In-situ RHEED patterns of (a) ZrO2 and (b) 20 mol % ScO1.5 doped ZrO2
thin films grown on sapphire substrates at 650°C, indicating the 2-D epitaxial layered
growth.
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streaks for both ZrO2 and ScSZ thin films, indicating a 2-D epitaxial layered growth. The
smaller lattice mismatch between ZrO2 and the sapphire substrate and the elevated
growth temperature allows the epitaxial layer growth of both ZrO2 and ScSZ thin films.
As discussed in the chapter 1, pure ZrO2 is not stable in the cubic structure at
temperatures below 2300°C. However, it can be stabilized in cubic structure at room
temperature by adding a small amount of suitable metal oxides such as Y2O3, Sc2O3,
CaO, and MgO. The HRXRD pattern (figure 33(a)) of pure ZrO2 thin film grown by
MBE shows reflections associated with both monoclinic and cubic ZrO2(111) phases in

Figure 33. HRXRD patterns of (a) pure ZrO2 and (b) 20 mol% ScO1.5 stabilized ZrO2
(ScSZ) thin films grown on sapphire substrates, indicating the epitaxial nature of the
films. Pure ZrO2 exhibited both monoclinic and cubic phases; however Sc doping
stabilized ZrO2 in the cubic structure.
addition to substrate peaks. The monoclinic ZrO2(-111), cubic ZrO2(111), and cubic
ZrO2(222) peaks appeared in the XRD pattern at diffraction angles of 28.18 ± 0.01°,
30.02 ± 0.01°, and 62.60 ± 0.01°, respectively. The monoclinic ZrO2(-211) and (-222)
peaks are also present in the XRD pattern. This confirmed that the pure ZrO2 is not stable
in the cubic structure as mentioned in the literature. It further confirmed the growth of
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epitaxial ZrO2(111) thin film in agreement with the observations obtained by the RHEED
pattern. The HRXRD pattern of the 20 mol% ScO1.5 stabilized zirconia (20ScSZ) is
shown in the figure 33(b), which exhibits reflections associated with only the cubic
ZrO2(111) phase. It indicates that MBE grown ZrO2 thin films can be stabilized in the
cubic structure by adding Sc2O3 with a desired concentration. The absence of any
polycrystalline peaks in the XRD pattern confirmed the epitaxial nature of ScSZ(111)
film. The cubic ZrO2(111) and (222) peaks appeared at diffraction angles of 30.45 ±
0.02° and 63.29 ± 0.02° in the XRD pattern of ScSZ, respectively. The shift in the ZrO2
peaks of ScSZ with respect to that of pure ZrO2 indicates the contraction of cubic ZrO2
lattice due to the addition of Sc2O3. The lattice parameters of ZrO2 and ScSZ were found
to be 5.1287 ± 0.0064 and 5.0889 ± 0.0073 Å, respectively.
In this study, the Sc evaporation rate was varied by keeping the Zr evaporation rate fixed
to obtain the ScSZ films with optimum dopant concentration (20 mol% ScO1.5). Then,
XPS was used to find the ScO1.5 concentration in the films grown with different Sc
evaporation rates to establish the Sc evaporation rate for the growth of 20 mol% ScO 1.5
stabilized zirconia. XPS surface analysis was also used to find out the chemical state of
each element in the film. Moreover, XPS depth profiles were used to verify the uniform
distribution of Sc and Zr within the films. The XPS survey spectra of a ScSZ film grown
on a sapphire substrate is shown in figure 34. The XPS survey scan carried out in the
binding energy range of 1400 to 0 eV shows the binding energy peaks from Zr, Sc, and O
elements on the sample surface. In addition, it exhibited the Auger peaks associated with
each element. The XPS survey spectra further confirmed that the ScSZ film have no
contamination other than the residual carbon on the sample surface. The high resolution
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Figure 34. XPS survey spectra of a ScSZ thin film grown on an Al2O3(0001) substrate,
indicating the presence of Zr, Sc, and O with no contamination except the residual
carbon on the film surface.
XPS spectra of Zr3d, Sc2p, and O1s with the depth profile of 25 nm thick ScSZ thin
films are shown in the figure 35. The Zr3d spectrum shows two peaks at binding energies
of 182.0 and 184.3 ± 0.1 eV associated with the 3d5/2 and 3d3/2 spin-orbit split core levels,
respectively. These peaks at the respective binding energies confirm that the Zr is in 4+
oxidation state. The Zr3d XPS spectra does not show any peaks associated with the other
oxidation states of Zr indicating that the ZrO2 surface is fully oxidized. The spin-orbit
splitting of 2.3 eV between Zr 3d5/2 and 3d3/2 core levels is comparable with the value
reported in the XPS handbook. The Sc2p spectrum consists of two peaks corresponding
to 2p3/2 and 2p1/2 spin-orbit split core levels, which are located at binding energies of
401.8 and 406.3 ± 0.1 eV, respectively. This confirmed that Sc is in 3+ oxidation state in
the form of Sc2O3. The split-orbit splitting between Sc 2p3/2 and 2p1/2 core levels is 4.5
eV. The O 1s peak is located at a binding energy of 529.8 ± 0.1 eV associated with
74

Figure 35. (a) High resolution XPS spectra of Zr 3d, Sc 2p, and O 1s and (b) XPS depth
profiles of Zr , Sc, O, and Al for the 20 mol % ScO1.5 stabilized zirconia thin film grown
on Al2O3(0001). XPS data confirmed uniform depth distributions of Zr and Sc within the
film, which are in 4+ and 3+ oxidation states, respectively.
oxygen anions in the ZrO2 lattice. The XPS depth profile (figure 35(b)) confirmed the
uniform elemental distribution of Zr and Sc within the film. The Sc dopant concentration
was found to be ~ 7 at.% for the film, which is close to the optimum Sc dopant
concentration reported in the literature to obtain the maximum ionic conductivity. The
XPS depth profile did not show a sharp and well-defined interface between the film and
substrate as expected. However, the inter-diffusion of metal atoms at the film/substrate
interface is also possible due to the Ar+ ion sputtering, which appears to have broadened
the interface in XPS depth profile. The XPS data further confirmed the ability of MBE to
grow high purity thin films with controlled chemical states and composition.
RBS was used to investigate the film thickness, composition and the interface between
the film and substrate. The experimental and simulated RBS spectra along the random
direction are shown in the figure 36. Arrows in the RBS spectrum for the ScSZ film
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Figure 36. The fitted experimental and simulated RBS spectra of the ScSZ thin film.
The clearly defined interface between the film and substrate indicates that there is no
inter-diffusion of metal atoms at the film/substrate interface.
indicates the channel numbers for elements Zr, Sc, Al, and O on the surface. The clearly
defined film/substrate interface with a sharp Al edge and Zr and Sc peaks indicates that
there is no inter-diffusion of metal atoms across the film/substrate interface. The
concentration of each element in the substrate and film was obtained by the SIMNRA
program using the area under the peaks in the simulated RBS spectra. The Sc
concentration was found to be 7 at.% from the simulated RBS data, which is in
agreement with the value obtained from XPS. The film thickness was calculated from the
width of the peaks in the simulated RBS spectra, which was also used to calibrate the
QCO in MBE chamber. The areal density of the Zr peak given in SIMNRA was divided
by the atomic density of bulk ZrO2 (8.22 × 1022 atoms/cm3) to obtain the film thickness.
The atomic density of bulk ZrO2 was calculated using the mass density value of 5.60
g/cm3. These film thicknesses are in agreement with the values obtained from x-ray
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reflectivity and XPS depth profiles. RBS data further confirmed the growth of high purity
ScSZ thin films without any contamination.
5.4 The influence of nano-scale interfaces on the oxygen ionic conductivity of SDC/ScSZ
multilayer thin film electrolytes
Following the optimization of growth conditions for epitaxial SDC(111) and ScSZ(111)
single layer thin films with optimum dopant concentration, multilayer stacks with these
two materials were grown on Al2O3(0001) substrates using same growth parameters.
These multilayer stacks were carefully characterized to optimize the oxygen ionic
conductivity in terms of structural properties and number of layers. The in situ and ex situ
characterization of SDC/ScSZ multilayer thin films along with their oxygen ionic
conductivity will be discussed in this section.
5.4.1 In situ and ex situ characterization of as-grown SDC/ScSZ multilayer thin films
The surface morphology of SDC/ScSZ multilayer thin films with the increasing numbers
of layers was monitored in situ using RHEED. In situ RHEED patterns for the 20-layer
film are shown in the figure 37. At the start of the growth, the substrate RHEED pattern

Figure 37. The in situ RHEED patterns for the SDC/ScSZ 20-layer film following the
growth of the (a) 1st layer (ScSZ) (b) 2nd layer (SDC) (c) 19th layer (ScSZ), and (d) 20th
layer (SDC), indicating the epitaxial layered growth and transition of an initial smooth
surface to a relatively rough surface with the increasing numbers of layers.
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disappeared and sharp streaks appeared for the first ScSZ layer as shown in the figure
37(a), indicating the growth of an epitaxial ScSZ layer on the Al2O3(0001) substrate. The
SDC layer also grew epitaxially on top of the ScSZ layer, as confirmed by the unchanged
streaky RHEED pattern in figure 37(b). The only difference in the RHEED patterns of
the ScSZ and SDC layers is the distance between the streaks, which is associated with the
difference in lattice parameters of ScSZ and SDC. The streaky RHEED patterns of both
layers persisted through the end of deposition as shown in figure 37(c) and (d) for the 19th
and 20th layers. However, streaky RHEED patterns became more diffused with the
increase in the number of layers, indicating a relatively rough surface at the end of
growth with respect to the initial smooth surface.
Even though the XRD pattern confirmed the epitaxial growth of ScSZ(111) and
SDC(111) single layer thin films as discussed in the previous sections, XRD 2θ-ω scans
for all SDC/ScSZ multilayer thin films were obtained to determine the crystalline
orientation. The XRD characterization was important for multilayers since the ScSZ and
SDC layers were grown on top of each other (except the first layer) with different layer
thicknesses in contrast to the single layer films grown on Al2O3(0001) substrates
explained in the previous sections. The XRD 2θ-ω scans of 2, 8 and 16-layer films are
shown in figure 38. The XRD patterns of all multilayer thin films exhibited the peaks
from SDC and ScSZ layers in addition to substrate peaks. The dominant CeO2(111) and
(222) peaks in the XRD patterns at respective diffraction angles of 28.38 ± 0.04° and
58.70 ± 0.04° confirmed the growth of epitaxial SDC(111) layers on the substrate and
ScSZ layers. The minor CeO2(200) and (400) peaks were also observed in the XRD
pattern of the 2-layer film as shown in figure 38(a). The XRD patterns showed the cubic
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Figure 38. The XRD 2θ-ω scans of (a) 2-layer (b) 8-layer, and (c) 16-layer SDC/ScSZ
thin films, indicating the growth of epitaxial SDC(111) and ScSZ(111) layers on
Al2O3(0001) substrates.
ZrO2(111) and (222) peaks at diffraction angles of 30.54 ± 0.04° and 63.62 ± 0.04°,
respectively, indicating the epitaxial growth of cubic ZrO2(111) layers on both the
substrate and the SDC layers. The minor ZrO2(200) and (400) peaks also appeared in the
XRD pattern only for the 2-layer film. The XRD patterns further confirmed the growth of
contamination free SDC and ScSZ layers. The average lattice parameters for ScSZ and
SDC layers were found using the respective diffraction angle of the cubic ZrO2(111) and
CeO2(111) peaks by the pseudo-Voigt profile function in JADE. As an example, the
lattice parameters appeared to be 5.1137 ± 0.0029 Å for ScSZ and 5.4746 ± 0.0034 Å for
SDC for the 16-layer film.
Before continuing the deposition of multilayer thin films, a 2-layer ScSZ/SDC film with
layer thicknesses of ~25 nm was grown and sputtered using an Ar+ ion beam to obtain the
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XPS depth profile as shown in figure 39. It was used to check the dopant concentrations

Figure 39. The XPS depth profile of a 2-layer ScSZ/SDC film with layer thickness of
~25 nm, indicating the uniform elemental distributions of Ce, Sm, Zr, Sc, and O
throughout each layer. The depth profile of oxygen further suggested the preferential
sputtering of oxygen in SDC layer.
and uniformity of elemental distributions in each layer. The XPS depth profile showed
approximately 15 mol % SmO1.5 and 20 mol % ScO1.5 dopant concentrations for SDC
and ScSZ layers, respectively, as established during the growth of single layer films. The
XPS depth profile further confirmed the uniform elemental distributions within each
layer as shown in figure 39. Despite the relatively higher dopant and oxygen vacancy
concentration in ScSZ compared to SDC, the depth profile of oxygen showed
significantly higher oxygen concentration in ScSZ in contrast to SDC. The lower oxygen
concentration in SDC shown by the depth profile can be attributed to the preferential
sputtering of oxygen in SDC layer. The XPS depth profile showed relatively broader
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interfaces between SDC and ScSZ layers and the film and substrate; however, this is also
possible due to the sputtering induced inter-diffusion and inter-mixing of metal atoms at
the interfaces. Therefore, RBS was carried out on the multilayer thin films to investigate
the SDC/ScSZ and film/substrate interfaces, which will be discussed later in this section.
The XPS high resolution spectra of Sm3d, Ce3d, Zr3d, Sc2P, and O1s were also obtained
during the depth profiling as shown in figure 40. As we discussed in a previous section,

Figure 40. The XPS high resolution spectra of Ce 3d, Sm 3d, and O 1s for SDC and Zr
3d, Sc 2p, and O 1s for ScSZ layers following the Ar+ ion sputtering. The figure
indicates the sputtering induced reduction of CeO2 and ZrO2, while Sm and Sc are still in
the 3+ chemical states.
as-grown SDC films exhibited peaks associated with only Ce4+ (figure 40), indicating a
fully oxidized CeO2 surface. However, after sputtering, the Ce3d spectra (figure 40(a))
showed v0, v´, u0, and, u' characteristic peaks associated with Ce3+ at binding energies of
878.5, 883.2, 896.8, and 901.6 ± 0.1 eV, respectively. The presence of Ce3+ characteristic
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peaks indicates the reduction of Ce4+ to Ce3+ due to Ar+ ion sputtering. However, Sm
remained in 3+ oxidation state before and after sputtering, indicating the stability of
Sm2O3. The reduction of CeO2 and stability of Sm2O3 during the sputtering can be
explained using standard free energy change for oxide formation. If the standard free
energy change for the formation of a metal oxide is low, that metal oxide is more stable
in reducing conditions.183 In contrast, if the standard free energy change for the formation
of a metal oxide is high, then it is not stable in reducing conditions and can be easily
reduced to a lower oxidation state. The standard free energy change for the formation
CeO2 is higher than that of Sm2O3 according to the literature,184 which allows the
reduction of CeO2 to Ce2O3, while Sm2O3 remains stable during the depth profiling.
The Zr3d spectra (figure 40(b)) of the ScSZ layer showed broader 3d5/2 and 3d3/2 peaks
and a shoulder after sputtering, in contrast to the Zr3d spectra (figure 35(a)) of an asgrown ScSZ film, which showed sharp peaks. The broader peaks and the shoulder consist
of the overlapping peaks associated with Zr4+, Zr3+, and metallic Zr. The spectrum also
shows a decrease in the intensity of the Zr4+ peaks with the presence of peaks associated
with Zr3+ and metallic Zr, indicating the reduction of Zr4+ to Zr3+ and metallic Zr.
However, Sc remained in 3+ oxidation state during the sputtering. This behavior can also
be explained using the standard free energy change for the formation of ZrO2 and Sc2O3.
Sc2O3 is more stable than ZrO2 in reducing conditions due to a relatively low standard
free energy change of formation.184 Therefore, Sc2O3 was stable in terms of the chemical
state during the depth profiling, while ZrO2 was reduced to lower oxidation states.
RBS measurements were carried out on selected multilayer thin films to determine the
layer thicknesses, compositions and interface characteristics between the layers and the
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film and substrate. The RBS spectrum of the as-grown 4-layer SDC/ScSZ film collected
in the random direction is shown in the figure 41, which is simulated with SIMNRA.146

Figure 41. The experimental RBS spectrum of the as-grown 4-layer SDC/ScSZ thin film
grown on Al2O3(0001) substrate, which is fitted with the simulated spectrum to
determine the layer thicknesses and compositions.
Arrows in the RBS spectrum indicate the channel numbers for elements Ce, Sm, Zr, Sc,
Al, and O on the surface of each layer and substrate. The Sm and Ce peaks are
overlapped with each other and cannot be used to find the exact Sm concentration. The
ScO1.5 concentration was found to be approximately 21 and 22 mol % for the 1st and 2nd
layers of ScSZ, respectively, which is comparable with the optimum dopant
concentration value reported in the literature. The respective layer thicknesses were found
to be approximately 34.1 ± 0.6, 26.0 ± 0.6, 32.9 ± 0.6, and 28.7 ± 0.6 nm, which are
comparable with the values obtained from XRR. The RBS spectrum also showed a sharp
film/substrate interface within the depth resolution of RBS, indicating that there is no
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inter-diffusion of metal atoms. However, the depth resolution of RBS is not good enough
to verify the inter-diffusion at the interfaces between ScSZ and SDC layers.
5.4.2 The oxygen ionic conductivity of SDC/ScSZ multilayer thin films
Following the ex situ characterization, the oxygen ionic conductivity of as-grown
SDC/ScSZ multilayer thin films were measured by 4-probe van der Pauw technique
combined with the surface impedance spectroscopy at a temperature range of 500-800°C
as described in chapter 3. Although the total electrical conductivity of the SDC/ScSZ
multilayer films was measured using this method, the contribution of electronic
conductivity to the total conductivity of SDC and ScSZ layers in this temperature range
can be neglected based on the previous studies reported in the literature for SDC and
ScSZ. Therefore, the total electrical conductivity of SDC/ScSZ multilayers measured in
this study will be considered as the oxygen ionic conductivity in the following discussion.
The surface impedance spectra (Nyquist plots) of the SDC/ScSZ 4-layer film at a
temperature range of 600-800°C are shown in figure 42. The frequency of the input
voltage signal started from 1MHz and decreased from the left to right of the semi-circles.
The resistance at each temperature was determined by the intercept of the semi-circle and
the x-axis at the lower frequency end. This resistance value and the film thickness were
used in the van der Pauw equation (equation 12 in chapter 3) to find out the oxygen ionic
conductivity of each multilayer sample at different temperatures. The calculated oxygen
ionic conductivity (σ) of each multilayer film was plotted against the temperature (T)
according to the Arrhenius equation (equation 2 in chapter 2). The Arrhenius plots of 2,
4, 8, 12, 16, and 20-layer SDC/ScSZ films along with some oxygen ionic conductivity
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Figure 42. The Nyquist plots of 4-layer SDC/ScSZ thin film at a temperature range of
600-800°C, which were used to find the oxygen ionic conductivity of multilayer thin
films.
data taken from the literature for comparison with the experimental data are shown in
figure 43. For all SDC/ScSZ multilayer thin films, oxygen ionic conductivity increased
with the increase in temperature from 500 to 800°C. Furthermore, ln(σT) showed a linear
dependence against 1/T as predicted by the Arrhenius equation. All multilayer thin films
showed significant enhancement in the oxygen ionic conductivity compared to YSZ,
epitaxial 15SDC, epitaxial 20ScSZ, and gadolinia doped ceria and zirconia (GDC/GSZ)
multilayer thin films. For comparison, the Arrhenius plots of 10-layer GDC/GSZ film,72
epitaxial 15SDC,57 and YSZ185 are also shown in figure 43. SDC/ScSZ multilayer thin
films showed at least two orders of magnitude enhancement in the oxygen ionic
conductivity at each temperature compared to the maximum ionic conductivity reported
for YSZ in the literature. Furthermore, these multilayer thin films showed approximately
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Figure 43. The Arrhenius plots of the epitaxial SDC/ScSZ multilayer thin films, showing
a linear relationship between ln(σT) and 1/T. For the comparison, Arrhenius plots of 10layer gadolinia doped ceria and zirconia (GDC/GSZ) film,72 epitaxial 15 mol % SmO1.5
doped ceria (SDC), 57 and yttria stabilized zirconia (YSZ) 185 are also shown here.
one order of magnitude enhancement in the oxygen ionic conductivity compared to
epitaxial 15SDC, 20ScSZ, and 10-layer GDC/GSZ thin films. The enhancement in the
oxygen ionic conductivity of SDC/ScSZ multilayers can be attributed to the structural
effects at the interfaces induced by the 6% lattice mismatch between the SDC and ScSZ
layers. As proposed by Schichtel et al.,78 the lattice mismatch induced elastic strain or
misfit dislocations at the interfaces in hetero-epitaxial multilayers can increase the
oxygen ionic conductivity along the interfaces, which increases the total oxygen ionic
conductivity of the system.
The oxygen ionic conductivity of SDC/ScSZ multilayer thin films at each temperature in
the temperature range of 500-800°C increased with the increase in number of layers from
2 to 8 and then decreased for 12, 16, and 20-layer films as shown in figure 43. The
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dependence of oxygen ionic conductivity of SDC/ScSZ multilayers on the number of
layers at 500 and 600°C are shown in figure 44 as representative examples. The 8-layer

Figure 44. The variation in the oxygen ionic conductivity of SDC/ScSZ multilayer thin
films with the increase in number of layers at 500°C and 600°C. The 8-layer SDC/ScSZ
film showed the maximum oxygen ionic conductivity.
film with 17 nm of individual layer thickness showed the maximum oxygen ionic
conductivity among all SDC/ScSZ multilayer thin films. The decrease in the ionic
conductivity below critical individual layer thickness was also observed for the other
multilayer systems including GDC/GSZ72 and CaF2/BaF269 multilayer thin films as
discussed in chapter 2. GDC/GSZ multilayer thin films grown on Al2O3(0001) substrates
have shown a decrease in the oxygen ionic conductivity below ~15 nm of individual layer
thickness,72 which is comparable with the critical layer thickness observed for SDC/ScSZ
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system. The decrease in the oxygen ionic conductivity of SDC/ScSZ layers below ~17
nm individual layer thickness may be attributed to the effects of intermixing of metal
atoms and high interfacial roughness at the interfaces between these small individual
layer thicknesses. On the other hand, the SDC/YSZ multilayer thin films grown on
SrTiO3 (STO) buffered MgO substrates have not exhibited any decrease in the oxygen
ionic conductivity down to the smallest tested individual layer thickness of ~4 nm.186 It
also suggests the influence of the Al2O3(0001) substrate on the decrease in oxygen ionic
conductivity of SDC/ScSZ multilayer system below a critical individual layer thickness.
5.4.3 Ex situ characterization of annealed SDC/ScSZ multilayer thin films
The multilayer thin films were further characterized using XRD, RBS, and XPS after
oxygen ionic conductivity measurements to study the influence of high temperature
annealing on the structural and chemical properties. The XRD patterns of as-grown and
annealed 4-layer SDC/ScSZ film are shown in figure 45. The XRD pattern of the asgrown film confirmed the growth of epitaxial SDC(111) and ScSZ(111) layers, but also
exhibited minor polycrystalline peaks associated with CeO2(100) and ZrO2(100)
orientations. However, following the oxygen ionic conductivity measurements, minor
polycrystalline peaks disappeared as shown in the XRD pattern of the annealed 4-layer
film. At high temperatures, atoms can move within the film and arrange in a well-ordered
manner along the preferred epitaxial orientation. Therefore, high temperature annealing at
800°C for approximately 6 hours has improved the epitaxial quality of SDC(111) and
ScSZ(111) layers. Furthermore, the XRD data still showed only the cubic phases of CeO2
and ZrO2, confirming that there were no phase changes in the SDC and ScSZ layers due
to high temperature annealing during the ionic conductivity measurements. However,
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Figure 45. The XRD patterns of as-grown and annealed 4-layer SDC/ScSZ films, which
showed the disappearance of minor polycrystalline peaks due to high temperature
annealing during the ionic conductivity measurements.
high temperature aging experiments should be carried out under reducing and oxidizing
conditions to confirm the stability of these multilayer thin films.
Following the high temperature ionic conductivity measurements, RBS measurements
were carried out on selected SDC/ScSZ multilayer thin films to study the high
temperature annealing induced inter-diffusion at SDC/ScSZ and film/substrate interfaces.
The experimental and simulated RBS spectra of the 4-layer SDC/ScSZ film after the
ionic conductivity measurements are shown in figure 46. The experimental RBS spectra
before (figure 41) and after (figure 46) the ionic conductivity measurements are almost
identical. The relatively sharp Al edge and Ce, Zr, and Sc peaks indicate that there is no
inter-diffusion of metal atoms at the film/substrate interface, even after annealing at
800°C for a longer period of time. However, the depth resolution of RBS is not good
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Figure 46. The experimental and simulated RBS spectra of the 4-layer SDC/ScSZ film
after the high temperature conductivity measurements. The spectrum indicates that there
is no inter-diffusion of metal atoms at the film/substrate interface due to the high
temperature annealing.
enough to verify the inter-diffusion at interfaces between SDC and ScSZ layers, although
the experimental spectrum was fitted by simulated spectrum without the inclusion of any
intermixed layers.
The XPS depth profile of the annealed 4-layer SDC/ScSZ film is shown in figure 47. The
depth distributions of Ce, Sm, Zr, and Sc were uniform throughout the respective layers.
The ScO1.5 concentration was found to be 16.9 and 18.6 mol % in the 1st and 3rd ScSZ
layers, respectively. The SmO1.5 concentration was 13.2 mol % in both SDC layers,
which confirmed that all layers have dopant concentrations close to the optimum values
reported in the literature. However, the preferential sputtering of oxygen in SDC layers
was also observed, which might affect the calculation of compositions in SDC layers.
The layer thicknesses estimated from the XPS depth profile are also comparable with the
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Figure 47. The XPS depth profile of 4-layer SDC/ScSZ film after high temperature
conductivity measurements, indicating the uniform depth distributions of Ce, Sm, Zr,
and Sc within each layer.
values obtained from RBS. Since the inter-diffusion of metal atoms at the interfaces is
possible due to Ar+ ion sputtering, the XPS depth profile is also not useful to verify the
high temperature annealing induced inter-diffusion at the interfaces.
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CHAPTER 6
CONCLUSIONS
In this study, the influence of the nano-scale interfaces on the oxygen ionic conductivity
of Sm2O3 doped CeO2 (SDC) and Sc2O3 stabilized ZrO2 (ScSZ) multilayer thin film
electrolytes was explored. Pure CeO2 and ZrO2 thin films were grown on Al2O3(0001)
substrates by oxygen plasma-assisted molecular beam epitaxy (OPA-MBE) to establish
the optimum growth conditions for (111)-oriented thin films. The growth rate was
optimized at 9 Å/min to obtain epitaxial CeO2(111) thin films at 650°C at an oxygen
partial pressure of 2×10-5 Torr, which were doped with different amounts of Sm2O3 to
obtain 15 mol % SmO1.5 doped CeO2 (15SDC) thin films. The 20 mol % ScO1.5
stabilized ZrO2 (20ScSZ) thin films were grown using the same parameters established
for CeO2. Then, 15SDC and 20ScSZ were stacked into multilayers and characterized to
optimize the oxygen ionic conductivity in terms of number of layers. The results and
conclusions of this study will be summarized in the following sections.
6.1 Growth rate dependent properties of MBE grown CeO2 thin films on Al2O3(0001)
The growth rate induced changes in the surface morphology, epitaxial orientation, and
crystalline quality of CeO2 thin films grown on Al2O3(0001) substrates by oxygen
plasma-assisted molecular beam epitaxy (OPA-MBE) has been explored. CeO2 grows as
three-dimensional (3-D) islands and two-dimensional (2-D) layers at growth rates of 17 Å/min and 9 Å/min, respectively, as observed in the in situ reflection high energy
electron diffraction (RHEED) patterns. High resolution x-ray diffraction (XRD)
measurements showed the formation of epitaxial CeO2(100) and CeO2(111) thin films at
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growth rates of 1 Å/min and  9 Å/min, respectively. Glancing incidence XRD (GIXRD)
patterns with the absence of any peaks further confirmed the epitaxial nature of the CeO2
films grown at growth rates of 1 Å/min and  9 Å/min. At intermediate growth rates (2-7
Å/min), some polycrystalline CeO2(111) and (110) peaks appeared in the GIXRD pattern
of the CeO2(100)-oriented film. The x-ray rocking curve measurements from the CeO2
films showed that increasing the growth rate from 1 Å/min to 7 Å/min leads to a
broadening and mosaic distribution in the rocking curves, which is associated with the
poorly aligned crystal planes in CeO2(100) and the presence of polycrystalline CeO2.
Despite the epitaxial growth, a relatively broader x-ray rocking curve indicated the poorly
aligned crystal planes in CeO2(111) films. A systematic x-ray pole-figure analysis
showed that the CeO2(100) films exhibit multiple in-plane domains, while CeO2(111)
thin films contain a single in-plane domain . By combining x-ray and electron diffraction
measurements with structural models of crystalline sub-lattices of aluminum, cerium and
oxygen, it is concluded that the formation of the CeO2(100) 3-D islands for growth rates
of 1-7 Å/min is a kinetically driven process and formation of CeO2(111) layers with
growth rates 9 Å/min results in energetically and thermodynamically more stable
surface.
6.2 MBE Growth and characterization of epitaxial Sm2O3 doped CeO2 thin films
Sm2O3 doped CeO2 (SDC) thin films were grown on Al2O3(0001) substrates by the OPAMBE using the same growth conditions established for the epitaxial growth of CeO2(111)
to obtain epitaxial thin films with 15 mol% SmO1.5. These films were extensively
characterized to investigate their surface topography, structural and chemical properties,
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and the film/substrate interface characteristics. The growth of SDC thin films was
monitored in situ by RHEED and the epitaxial and polycrystalline growth was observed
at substrate temperatures of 650°C and -80°, respectively. XRD measurements further
confirmed the epitaxial SDC(111) grown thin film at 650°C and polycrystalline SDC thin
films grown at -80°C. X-ray photoelectron spectroscopy (XPS) data showed a fully
oxidized CeO2 surface with uniform elemental distributions of Ce, Sm, and O within the
SDC film. Furthermore, the data obtained from XPS was used to optimize the dopant
concentration (15 mol % SmO1.5)63 by controlling the Sm metal flux rate during the MBE
growth process. Results of XPS depth profile measurements on the deposited films show
a broader film/substrate interface. This may be a result of Ar+ ion sputtering induced
inter-diffusion of metal atoms; however, Rutherford backscattering spectrometry (RBS)
measurements show relatively sharp interface. RBS has a depth resolution of about 50 Å
within the near surface region; therefore, diffusion across interfaces can be easily
resolved by RBS measurements. We believe that the XPS and RBS data indicate that the
SDC thin films are of high purity with no contamination, which is a characteristic of the
MBE growth process.
6.3 MBE Growth and characterization of Sc2O3 stabilized ZrO2 thin films
Pure ZrO2 and Sc2O3 stabilized ZrO2 (ScSZ) thin films were grown on Al2O3(0001)
substrates by OPA-MBE using the same conditions established for the growth of epitaxial
CeO2(111) thin films. In situ RHEED patterns showed streaks indicating epitaxial layered
growth of both ZrO2 and ScSZ thin films grown at 650°C. XRD patterns with ZrO2(111)
and (222) diffraction peaks further confirmed the growth of epitaxial ZrO2(111) and
ScSZ(111) thin films. However, as expected, the XRD pattern of pure ZrO2 thin films
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showed both the monoclinic and cubic phases. ZrO2 was stabilized in a cubic structure by
doping with Sc2O3, which was confirmed by XRD measurements of resulting ScSZ thin
films.
For the growth, Sc metal flux rate was adjusted to obtain ScSZ thin films of desired
composition that gives maximum oxygen ionic conductivity as reported in the literature.36
XPS measurements on the deposited samples show a fully oxidized ZrO2 surface with Sc
in the 3+ oxidation state. XPS depth profile measurements show uniform distributions of
Sc and Zr within the films. A sharp Al edge and Sc and Zr peaks in the experimental RBS
spectrum suggests that there is no inter-diffusion of metal atoms at the film/substrate
interface.
6.4 Influence of nano-scale interfaces on the oxygen ionic conductivity of SDC/ScSZ
multilayers
The SDC/ScSZ multilayer thin films were grown on Al2O3(0001) substrates by the OPAMBE using the optimized growth conditions and dopant concentrations established for
single layer SDC and ScSZ thin films. The number of layers in these thin films were
varied from 2-20 by keeping the total film thickness constant at ~140 nm to understand
the effects of nano-scale interfaces on the oxygen ionic conductivity. The in situ RHEED
patterns showed an epitaxial layered growth of SDC/ScSZ multilayers on Al 2O3(0001);
however, the initial smooth surface transformed to a relatively rough surface with the
increase in number of layers. The cubic CeO2 and ZrO2 phases were observed in the XRD
patterns for all the deposited multilayer thin films. XRD measurements also confirmed
the growth of epitaxial SDC(111) and ScSZ(111) layers within the multilayer structure.
The dopant distribution was uniform within the respective layers and the preferential
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sputtering of oxygen in SDC layer was observed. A broader film/substrate and
SDC/ScSZ interfaces were observed in the XPS depth profile; however a sharp
film/substrate interface in the RBS spectrum suggested that the broadness in the XPS
measurements may be due to the Ar+ ion sputtering induced inter-diffusion of metal
atoms. The high resolution XPS spectra collected from SDC/ScSZ multilayer films after
Ar+ ion sputtering showed reduction of Ce4+ and Zr4+ to lower oxidation states and Sm
and Sc were stable in 3+ oxidation state, which is explained using the standard free
energy change for the formation of oxides in chapter 5. The RBS measurements further
confirmed the growth of high purity SDC and ScSZ layers with desired elemental
composition and layer thicknesses.
The oxygen ionic conductivity of SDC/ScSZ multilayer thin films was measured using
the van der Pauw four probe method and surface impedance spectroscopy in a
temperature range of 500-800°C. The impedance spectra of multilayers films showed
characteristic semicircles, which were used to calculate the oxygen ionic conductivity
using the van der Pauw equation.

The oxygen ionic conductivity of SDC/ScSZ

multilayer thin films increased with the increase in temperature showing the Arrhenius
relationship. The 8-layer SDC/ScSZ film showed the maximum oxygen ionic
conductivity among all the deposited multilayer films and one order of magnitude
enhancement in the ionic conductivity compared to single layer SDC and ScSZ thin
films. The significant enhancement in the oxygen ionic conductivity of SDC/ScSZ
multilayers can be attributed to the increase in ionic conductivity along the interfaces,
which is possible due to the elastic strain or misfit dislocations induced by the 6 % lattice
mismatch between SDC and ScSZ layers. The decrease in the oxygen ionic conductivity
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below ~17 nm of individual layer thickness may be due to the interface mixing or high
interface roughness between the film and Al2O3(0001) substrate at these small layer
thicknesses. The XPS sputter depth profiling was not performed on the samples
containing more than 4 layers, and therefore, we cannot conclude with certainty that the
interfaces of the individual sample layers are abrupt. Even with the XPS depth profiles, it
may be difficult to comment on the layer interfaces due to the Ar+ ion sputtering induced
intermixing of metal atoms at the interfaces. The depth resolution of RBS is also not
sufficient to study the interfaces between individual layers. The mechanism behind the
observation of decrease in oxygen ionic conductivity below a critical individual layer
thickness is a subject of future work.
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